
STRUCTURAL DEFECTS AND PROPERTIES OF MULTICOMPONENT 

MATERIALS 

 

 

 

By 

AIKATERINI BELLOU 

 

 

 

 

A dissertation submitted in partial fulfillment of the requirements for the 
degree of  

 

DOCTOR OF PHILOSOPHY 
 
 
 

  
WASHINGTON STATE UNIVERSITY 
College of Engineering and Architecture 

DECEMBER 2009 

 



 ii

 

 

 

 

To the Faculty of Washington State University 

 

The members of the Committee appointed to examine the dissertation of 

AIKATERINI BELLOU find it satisfactory and recommend that it be accepted. 

 

 

 

                                                                         David F. Bahr, Ph. D., Chair 

 

 

                                                                         David P. Field, Ph. D. 

 

                    

             M. Grant Norton, Ph. D. 

 

 



 iii

ACKNOWLEDGEMENT 

 

I would like to thank my advisor Dr David Bahr for his support and guidance. I 

appreciate his help and encouragement. I would also like to thank Dr David Field and Dr 

M. Grant Norton for serving in my committee and for their useful remarks. I would like to 

thank Dr. Louis Scudiero for his help with the X-ray Photoelectron Spectroscopy and 

Scotty Cornelius and Dr. Nick Foit for their help with X-ray diffraction and Wavelength 

Dispersive Spectroscopy. 

I would also like to thank all the graduate students and staff members with whom I 

have worked over the years. My thanks go especially to Nicole Overman for her help with 

the bulge tester. I would also like to thank Joshah Jennings for his help in the clean room. I 

am also grateful to Bob Ames, Jan Danforth and Gayle Landeen for their help in all the 

administrative issues. 

Finally my biggest thanks go to my husband Yanni whose understanding and 

support helped me through this process. I could not have done this without him. 

 

 

 

 

 

 



 iv

STRUCTURAL DEFECTS AND PROPERTIES OF MULTICOMPONENT 

MATERIALS 

Abstract  

 
by Aikaterini Bellou, Ph.D. 

Washington State University 
December 2009 

 

Chair: David F. Bahr 

 

The relationship between the structure and properties of materials determine the 

behavior and performance of devices ranging from microelectromechanical systems 

(MEMS) to solid state lasers.  This thesis focuses on two classes of materials used in high 

performance applications; metallic multilayer films and materials for optical applications.  

In the first case Mo/Pt multilayers are investigated as an alternative to Pt thin film 

electrodes for piezoelectric MEMS, whose strength is a limiting factor in improving the 

performance of the device. In the second case ceramic YAG, a common lasing medium for 

solid state lasers whose optical properties determine the beam quality, is investigated. In 

both cases material properties, mechanical in the first case and optical in the second, 

depend on microstructure hence improving device performance involves a better 

understanding of this relationship.   

Mo/Pt multilayers with layer thicknesses ranging from 20 to 100 nm were 

sputtered. The mechanical properties of the nanocomposites were evaluated using both 
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nanoindentation and bulge testing. It was shown that the hardness of the multilayers 

increased as the layer thickness decreased with the behavior of the films deviating from a 

Hall Petch type of dependency for the smaller layer thicknesses used in this study. Aging 

of the films in air further improved their hardness indicating an additional strengthening 

mechanism. X-ray photoelectron spectroscopy revealed the presence of oxides in the aged 

samples pointing to precipitate hardening as the reason for the additional strengthening of 

the films. MEMS processing involves high temperatures in oxidizing environments hence 

the thermal stability of the nanolayers was also investigated. It was shown that structures 

with thicker layers maintained a substantial fraction of their strength and integrity.  

Ceramic YAG is produced with the use of silica as a sintering aid. Improving the 

optical properties of ceramic YAG involves elimination of the scattering sources in the 

final products. Investigation of precipitate formation as a function of stoichiometry and 

processing conditions, using primarily Scanning Electron Microscopy and X-ray 

Dispersive Spectroscopy, showed that staying on stoichiometry and reducing the amount 

of silica in the sintering process will effectively decrease or even eliminate the presence of 

precipitates. 
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1 Chapter One: Introduction 

1.1 Background 

Materials whose dimensions range from the nano to the macro scale are used in a 

number of applications. The common factor in all cases is that the properties of the material 

will affect the overall behavior and performance of the corresponding device. Since 

properties and structure are closely related, a better understanding of this relationship is 

necessary in order to improve materials used in technological applications and solve 

problems that may arise. 

Thin films are used in a wide range of applications which include microsensors, 

actuators, flexible electronics, fuel cells and solar technology. The use of multilayered thin 

films where the thickness of the individual layers can be in the nanometer range offers the 

possibility of tailoring the properties of the composite. This can be done by a number of 

ways such as choosing the individual constituents of the composite, which will 

subsequently determine the structure of the interfaces, or vary the thickness of the 

individual layers. Hence a better understanding of the relationship between structure and 

properties is necessary in order to develop nanocomposites which will improve the 

performance of the different devices. In this work the mechanical properties of Mo/Pt 

multilayered films, which could be used as the bottom electrode in MEMS devices, were 

studied. A correlation between the observed mechanical behavior and changes in 

microstructure, which involve different layer thicknesses or phase changes upon annealing, 

was possible by combining the results of different characterization techniques. 
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Y3Al5O12 ceramics have properties which make them attractive as the active 

medium in high power lasers [1]. However, the quality of the laser beam is greatly 

impacted by the presence of precipitates and second phases along the grain boundaries, 

which act as scattering centers. Study of the microstructure using different characterization 

techniques helps to identify these problems and suggest ways to reduce or even eliminate 

them. 

 In the following sections some of the characterization techniques used in the study 

of the different materials presented here will be briefly discussed.   

 

1.2 Mechanical testing 

1.2.1 Nanoindentation 

Nanoindentation is one of the techniques commonly used to measure mechanical 

properties of thin films and multilayered structures. Tensile testing has also being used for 

mechanical testing of multilayered structures [2-5]. Nanoindentation is easier than tensile 

testing where the validity of strain measurements and the effects of flaws than were present 

or introduced during specimen preparation become sources of concern [3, 5]. In the case of 

nanoindentation possible sources of errors are related to the correct determination of the 

contact area and the effect of surface roughness [6]; however these errors can be more 

easily controlled or even eliminated. Mechanical testing using nanoindentation can be done 

in two different modes; quasistatic and continuous stiffness measurements. In both cases a 

sharp tip is used to probe the material.  
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In the case of quasistatic indentation the displacement h relative to the undeformed 

surface as a function of the applied load P is monitored. A typical load displacement curve 

is shown in Figure 1.1. The curve includes both a loading and an unloading part. The 

elastic properties of the sample are determined from the unloading portion of the curve 

which is considered purely elastic in contrast to the loading portion which describes both 

elastic and plastic behavior [6]. The stiffness S (dP/dh) found from the unloading portion of 

the curve can be used to calculate the elastic modulus of the sample according to the 

following equation: 

 r
c E

A
S

π
β2=   (1.1) 

where β is a parameter that depends on the geometry of the indenter, Ac is the contact area 

and Er is the reduced elastic modulus of the contact, which takes into account the elastic 

deformation of both the sample and the indenter. The elastic modulus of the sample is then 

found by:  

 
iE
i

ErE

21211 νν −
+

−
=  (1.2) 

where E, ν are the elastic modulus and Poisson ratio of the sample and Ei, νi are the 

corresponding parameters for the indenter.  

The hardness H of the sample can be found using the maximum load and area of 

contact Ac according to the equation: 

 
c

max
A

P
H =  (1.3) 
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The calculation of both the elastic modulus and the hardness of the sample involve 

the indenter's area function. The area function is determined by indenting a standard 

material of known elastic modulus at different contact depths and then fitting the 

experimental data using an equation of the form: 

 128
1

82
1

21
2

0 hC....hChChCA ++++=  (1.4) 

This way the area function of the indenter as a function of contact depth is found and can 

be used to measure the mechanical properties of the sample. 

  When the continuous stiffness mode is used, measurements are recorded during 

the loading portion of the indentation load-displacement curve. In this case a harmonic 

force of known frequency and amplitude is superimposed to the applied load that 

continually increases. In Figure 1.2 a schematic of the loading cycle is presented which 

shows the superposition of the AC load on the DC load. Using a lock-in amplifier the 

displacement response to this harmonic force and the phase difference between the two 

signals as a function of contact depth is recorded. The contact stiffness S of the material can 

then be calculated using the following equation: 

 { } 2222111 CmK)KS(
)(h

P
sf

os ωω
ω

+−++= −−−  (1.5) 

where Pos is the force amplitude, h(ω) is the resulting displacement amplitude, ω is the 

frequency of the oscillation, m is the mass of the indenter, Ks is the spring constant, Kf is 

the stiffness of the indenter frame and C is the damping coefficient of the sensor [7]. An air 

indent is used to determine the parameters m, Ks, and C prior to indenting the sample. Once 

the contact stiffness is calculated the elastic modulus of the sample at all the different 
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contact depths can be found using (1.1). The hardness of the sample can be determined 

using equation (1.3) where Pmax is the DC load at each contact depth and Ac is the 

corresponding contact area (1.4) [6-8].  

The flow stress of the films can be estimated from hardness measurements as H/2.7 

where H is the hardness measured using nanoindentation [9]. The flow stress determined 

from hardness measurements doesn't correspond to the yield point but rather to a 

representative strain εT that depends on the geometry of the indenter tip and is described by 

[10,11]: 

 θβε cot.tan.T 2020 ==  (1.6) 

where β is the attack angle of the indenter [10] and θ is the included angle for conical 

indenters. For a Berkovich tip β is equal to 19.7o [12], giving a representative strain of ~7% 

whereas for a cube corner tip the same angle is equal to 47.7o [12] corresponding to a strain 

of ~22 %. Therefore flow stress estimates describe both the yielding of the films and their 

strain hardening behavior and this should be taken into consideration when analyzing these 

estimates. For materials that strain harden the use of different indenter tips, which 

correspond to different strains, offers a way of studying their strain hardening behavior.  
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Figure 1.1 Schematic of an indentation load displacement curve [6] 

 

 

 

 

 

 

 

 

 

 
Figure 1.2 Schematic of the continuous stiffness measurements loading cycle. The contact 
stiffness is measured during the loading portion of the test by imposing an AC load to the 

DC applied load [7] 
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1.2.2  Bulge Testing 

1.2.2.1 The Bulge testing technique 

Another technique that is used to determine the mechanical properties of thin films 

and multilayers is the bulge testing technique. In this case the films are made into 

membranes using standard photolithograph techniques. The membranes are then glued 

using crystal bond 555 wax on aluminum pucks which have an opening in the center and 

are sealed to the end of a tube which is connected to a pressure variator. Pressure is applied 

on the membrane and its deflection is monitored as a function of the applied pressure using 

a laser vibrometer. A complete description of the testing apparatus can be found in [13]. A 

typical pressure deflection curve for the films tested in this study can be seen in Figure 1.3. 

 

 

 

 

 

 

 

 

 

 
Figure 1.3 Typical pressure deflection-curve for the films used in this study. The solid line 

over the data is the result of curve fitting using the general equation P=ah+bh3 
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The pressure deflection data follow a relationship of the form [14-17]: 

 3BhAhP +=  (1.7) 

where P is the pressure and h the deflection of the membrane. Curve fitting of the data 

acquired during testing allows the determination of the parameters A and B. These fitting 

parameters can then be used to find the modulus and residual stress of the specimen. A 

variation of equation (1.7) is also used where h is substituted with h+ho to account for 

initial offsets in deflection [18]. In order to calculate the mechanical properties of the film 

from the fitting parameters A and B, the geometry of the membrane has to be taken into 

account. Three different geometries have been commonly used during bulge testing square, 

rectangular and circular and the relationship between pressure and deflection has been 

determined in each case. In this study only square and rectangular geometries have been 

used. 

For square membranes the corresponding relationship has been determined using 

both finite elements analysis [19] and an energy minimization technique [19, 20]. For 

rectangular membranes with a large aspect ratio, larger than 4, the assumption of a plane 

strain stress state simplifies the determination of the pressure deflection relationship. The 

relationships for each geometry are described by the following equations [18, 20-22]: 
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where C1 and C2 are geometric constants, t is the thickness of the membrane, α is half the 

side length or radius of the window (circular membrane), ν is the Poisson's ratio, E is the 

modulus and σo is the residual stress of the film. In Table 1.1 the values for C1 and C2 for 

the three geometries are shown. Using the fitting parameters A and B and equating them to 

the corresponding terms in these equations allows the determination of the modulus and 

residual stress of the films.  

  

 Table 1.1 Values for the geometric parameters C1 and C2  

geometry C1 C2 

Circular 4 8/3 

Square 3.4 1.83 

Rectangular 2 4/3 

 

It should be noted here that for the square geometry the membrane is under a biaxial 

stress state and the factor of the cubic term relates to the biaxial modulus and not the 

Young's modulus. However the Young's modulus E is easily found by substituting M with 

E/1-ν in equation (1.9) with ν being the Poisson's ratio of the film. 

 

1.3 Scanning Electron Microscopy 

The microstructures presented in this dissertation both for the laser crystals and the 

nanocomposites were investigated primarily using Scanning Electron Microscopy (SEM). 

In a Scanning Electron Microscope a beam of electrons is generated by an electron gun and 
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is directed on the surface of a sample through a system of electro magnetic lenses. Upon 

hitting the surface the electrons of the beam interact with the sample generating a number 

of different signals. These signals include secondary electrons (SE), back scattered 

electrons (BSE) and characteristic X-rays. Collection of the different signals with the 

appropriate detector gives information about the surface topography, the composition and 

the orientation of the sample.  

The advantages of Scanning Electron Microscopy over optical microscopy include 

its high resolution and large depth of field [23]. 

  

1.4 X-ray Photoelectron Spectroscopy 

X-ray Photoelectron Spectroscopy is a technique that allows the determination of 

elements present in a sample as well as the type of their chemical bonding [24]. Testing 

involves irradiation of the sample with soft X-rays and collection of core electrons that 

escape the sample by the photoelectric effect. It is a surface technique because only 

electrons originating from 1 to 10 nm below the sample surface can escape without 

significant energy loss. The electrons leaving the sample are detected by an electron 

spectrometer and their kinetic energies are measured. The binding energy BE of the atomic 

orbital from which each electron originates is calculated using the following equation: 

 KE=hν-BE-φs (1.11) 

where KE is the kinetic energy measured by the analyzer, hν is the energy of the soft X-

rays and φs is the work function of the spectrometer which is known. When a change 

occurs in the local chemical environment of the atom, a shift in the binding energy of the 
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core electrons is observed. These shifts are recorded and can give information about the 

chemical bonding of the elements present in a sample. 

 Since X-ray Photoelectron Spectroscopy is a surface technique depth profiling of a 

sample can only be done by using a sputtering gun which will gradually remove material 

from the specimen allowing the collection of XPS spectra at different depths. 
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2 Chapter Two: Strengthening of Mo/Pt multilayers 

2.1 Introduction 

Since 1970 when Koehler [1] proposed that a composite material of alternating 

layers of two metals had the potential to exhibit higher strength than either of the individual 

constituents, a considerable amount of research has focused on multilayered structures. It 

has been shown that the strength of multilayered structures increases as the layer thickness 

decreases from the submicrometer to the nanometer scale [2-5]. In [4] Misra and Kung 

reported strength values equal to one half or one third of the theoretical strength, for layer 

thicknesses of a few nanometers. However the dependency of strength on the layer 

thickness is not monotonic but shows regions with distinct behavior [2, 5]. This implies 

that different mechanisms are responsible for the observed mechanical behavior at different 

length scales. 

 In [2] the hardness data for Cu based multilayered structures are presented. For 

large layer thicknesses h (> 100 nm), the strength of the composite is proportional to h-1/2. 

The dependency of yield strength on layer thickness for this length scale is the same as the 

dependency of yield strength on grain size for polycrystalline aggregates described by the 

Hall-Petch model [6-8]: 

 21 /
oys kL−+= σσ  (2.1) 

where L is the distance between a dislocation source and an obstacle. In the case of 

multilayered structures L is assumed equal to the layer thickness. The Hall-Petch 
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dependency can be explained using a dislocation pile up model where dislocations pile up 

at the interface between the two layers [5]. 

As the layer thickness decreases a break down of the Hall-Petch regime is observed. 

Although the strength continues to increase as the layer thickness decreases, it becomes 

proportional to h-a, with a being different than 0.5. Misra et al. [2] have suggested that a 

single dislocation mechanism can account for this type of dependency. They based their 

assumption on previous work [9-11] which showed that a Hall- Petch type relationship 

between strength and layer thickness can still be expected and explained using a discrete 

dislocation pile up model [4], with the number of dislocations in the pile up being just 

larger than one. 

 A number of different effects can influence the glide of a single dislocation on a 

plane, such as coherency stresses, misfit dislocations at the interface, Koehler image forces 

and Orowan bowing and all these strengthening mechanisms were incorporated in their 

model. It is worth noting that to a first order approximation only for the Orowan bowing 

mechanism does the strength depend on layer thickness. The nanocomposite system that 

Misra et al. [2] used for their dislocation model was semicoherent, where the coherency 

stresses at the interface were relieved by a grid of misfit dislocations. At the first stages of 

plastic deformation, dislocations can only glide in the soft layer. The single dislocations on 

the glide planes cannot cross the interface; they get pinned there and glide parallel to the 

interface. As they glide parallel to the interface they deposit misfit-type dislocations. At 

higher loads however slip can be transferred across the interface and the other layer will 

yield as well. The total yield stress of the composite can be therefore calculated by adding 
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the stress needed to initiate glide in the soft layer (Orowan stress) to the stress needed for 

dislocation transmission across the interface and glide in the hard layer. The Orowan stress 

can be found by summing the energy necessary to create the extra length of the dislocation 

line during bowing and the work done as the glide dislocation moves against the stress field 

of the misfit dislocations already present at the interface [12]. The value acquired using this 

approach is an upper bound estimate. If the effect of misfit dislocations is ignored a lower 

bound estimate can be found, which seemed to better approximate the available 

experimental data for small layer thicknesses. In this case the coherency stresses are not 

completely relieved by the grid of misfit dislocations and the spacing of the misfit 

dislocations present is larger than the equilibrium value. In a paper that followed from the 

same group [5] systems with incoherent interfaces were studied and the proposed model 

was used to fit the available experimental data. Since no grid of misfit dislocations is 

present at the interface the lower bound estimate of their previous work was utilized to 

estimate the Orowan stress. However, while their results qualitatively agreed with the 

observed behavior, the model did not fit very well to the available experimental data and 

some refinements were done to achieve a better fit. Simulations using molecular dynamics 

(MD) of dislocations [13] have shown that incoherent interfaces can shear due to the stress 

field of a glide dislocation, causing a spread of the dislocation core and this effect was 

taken into account. Also although no misfit dislocations are initially present at the interface, 

misfit-type dislocations are deposited as the loops glide parallel to the interface and their 

stress field was included in the calculations. The final refinement of the model considered 
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the presence of elastic stress at the interface [14] which can oppose or assist the applied 

stress in the confined slip of single dislocations. 

For thicknesses varying from a few nanometers to a couple of nanometers, the 

composite strength shows a maximum value and further decrease of thickness causes a 

decrease in the measured strength. This behavior cannot be described by the single 

dislocation model which predicts increase in strength with further decrease of the layer 

thickness. It is suggested that the maximum in strength is observed when the stress 

necessary for the glide of a dislocation in the soft layer becomes higher than the stress 

needed for dislocation transmission across the interface [2]. When this happens the 

dislocation loops can glide simultaneously in more than one layers and yield occurs. In this 

case the stress necessary for dislocation transmission determines the yield strength of the 

composite. Determination of the stress necessary for dislocation transmission across the 

interface takes into consideration a number of factors. These factors include the coherency 

stresses, the misfit dislocation spacing, the difference in elastic constants between the 

layers, the difference in the stacking fault energy and the misorientation of slip systems 

across the interface [2]. Hoagland et al. [15] using MD simulations showed that the 

transmission stress and therefore the yield strength for very small layer thicknesses, is to a 

first approximation independent of the layer thickness, something that agrees with the 

experimentally observed plateau of strength for small values of thickness.   

Although the softening observed for very small layer thicknesses is not well 

understood, some possible explanations have appeared in literature. In [16] the thickness 

where the softening appears is considered to be just smaller than the thickness where loss 
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of coherency occurs. The resistance of the interface to dislocation transmission is assumed 

lower in the absence of misfit dislocations and hence the decrease in strength. Another 

explanation presented in [4] relates the sharpness of the interface or rather the lack of it to 

the observed behavior. This has been supported by some experimental data which showed 

that miscible systems, like Cu-Ni showed softening [17, 18] whereas immiscible systems 

like Cu-Ag did not [19]. However this may not be true for all systems as softening has been 

reported for Ag-Cr, an immiscible system [20].  The authors in [4] suggested that this 

didn’t necessarily indicate a different softening mechanism but was rather the result of 

intermixing at the interface which occurred during the sputtering process. In [21] Chu and 

Barnett proposed a model to account for the observed mechanical behavior of multilayered 

structures. They modeled systems with miscible components which had the same slip 

systems. Their approach was that two mechanisms are operating, with one being more 

important at small layer thicknesses and the other more important at larger layer 

thicknesses. According to their model for very small thicknesses instead of having two 

layers with distinct composition separated by an interface of mixed composition, the 

composition continually changes across the bilayer period. The strength in this case is 

calculated using image forces [7, 22] which arise from the modulus differences due to the 

compositional variations between adjacent domains. The contributions from all the 

different domains are then summed to calculate the yield strength of the multilayer. The 

stress experienced by a dislocation in this case was found to decrease as the layer thickness 

decreases and this could explain the observed softening. For larger thicknesses the glide of 

dislocations within individual layers is possible and the second mechanism predicted 
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increase in yield strength with decreasing layer thickness. Although the proposed 

mechanism for very small layer thicknesses can offer a possible explanation to the 

mechanical behavior of multilayers, our current knowledge is still very limited at this 

length scale.  

In the discussion so far it has been assumed that the only length scale of interest 

which determines the hardening behavior of the multilayered structures is the layer 

thickness. However as it was pointed out in [4, 8] in the case of polycrystalline multilayers 

both the in plane grain size d and the layer thickness h are length scales of interest. When 

the in plane grain size is much smaller than the layer thickness both grain boundaries and 

interfaces play a role in the observed mechanical behavior. In the same work Misra and 

Kung discuss a 'deformation mechanism map" for metallic layers with a 2.5% interface 

misfit strain which indicated which deformation mechanism is operating for various 

combinations of layer thicknesses and grain sizes.   

 

2.2 Motivation  

The above discussion has demonstrated the potential that multilayered structures 

have in improving the mechanical behavior of thin films which are used in numerous 

applications. It is also apparent that the mechanisms which are operating at the nanoscale 

and control the mechanical properties of the multilayers are not fully understood, resulting 

in the increased research interest. Two reasons led to the choice of Mo/Pt multilayers as the 

system used in this study. The first was a practical one; the need to improve the mechanical 

properties of Pt thin films that are extensively used in Microelectromechanical systems 
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(MEMS). The second was the opportunity to study a system different from the Cu based 

systems that are mainly presented in literature.   

MEMS are small integrated devices that can be used as sensors or actuators and are 

made possible using fabrication techniques originally developed for the semiconductor 

industry [23]. The piezoelectric effect is utilized in these applications [24].  In sensors the 

mechanical response of a piezoelectric thin film to an applied electric field is used. In an 

actuator the piezoelectric thin film is subjected to mechanical deformation in order to 

generate electrical power (inverse piezoelectric effect). The basic part of the system is the 

piezoelectric thin film which is deposited on a support layer, commonly Si. The membrane 

is connected to the secondary parts of the device that are either used for the sensing process 

or to transfer the generated power, by metal contacts. Pt is one of the metals typically used 

for these contacts. The piezoelectric membranes exhibit better performance when they are 

operated at high strains [25]. At these high strains the support layer doesn't add to the 

efficiency of the device hence the interest in removing it from the structure. In this case the 

bottom electrode, which is commonly a Pt thin film, would assume a dual role as the 

electrical component and the support layer of the piezoelectric actuator. However, Pt thin 

films have high residual tensile stresses after deposition and subsequent MEMS processing, 

and are not suitable as free standing films for membranes with a thickness on the order of 1 

μm and lateral dimensions on the order of mm’s.  

Layering of Pt with another metal was the approach used here to improve the 

mechanical properties of the film and allow fabrication of free standing membranes. The 

metal chosen as the second constituent in the layering sequence was Mo which as a bcc 
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metal forms an incoherent interface with the fcc Pt. The formation of the incoherent 

interface was expected to result in high strength multilayered films.    

The binary phase diagram of Pt- Mo [26] shows that the two metals are miscible 

and can also form a number of different intermetallics.  This makes the Pt-Mo system more 

complicated than the incoherent systems that have already been investigated and presented 

in literature, which showed no appreciable solubility. If the processing conditions of the 

multilayers allow the formation of a Pt - Mo solid solution or that of an intermetallic the 

effect of additional strengthening mechanisms to the hardening behavior of multilayers 

could be investigated. In [27] the authors showed that solid solution strengthening in thin 

Pt- Ru films showed similar dependency on the Ru solute concentration as would be 

expected for bulk materials. 

 

2.3 Experimental details 

The nanolayered films used in this study were deposited by sequential DC 

magnetron sputtering at nominally room temperature. Films with 4, 10 and 20 layers were 

sputtered on thermally oxidized Si wafers, which were rotated over the sputtering targets 

for improved uniformity. The thickness of the SiO2 layer was approximately 120 nm.  Mo 

was directly sputtered on the oxide layer for all structures. The nominal thicknesses of the 

individual layers for each nanocomposite used in this study are shown in Table 2.1. 

Samples with nominal thicknesses of 25 nm/ 30 nm and 100 nm/ 100 nm were also 

sputtered on Si/SiO2 windows. Standard photolithography techniques were utilized to 

create these windows and both square and rectangular geometries were fabricated with 
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nominal lateral dimensions of 4mm x 4 mm and 1.5 mm x 10 mm correspondingly. The 

background pressure in the chamber prior to sputtering was 1· 10-6 Torr. All Mo layers 

were sputtered at a regulated power of 200 W and an Ar pressure of 3.8 mTorr while the Pt 

layers were sputtered at a regulated power of 60 W and an Ar pressure of 11 mTorr. The 

use of the same sputtering conditions for all the nanostructures ensured that the deposition 

rates in each case were kept constant and different layer thicknesses were obtained by 

accordingly varying the deposition time. In addition to the Mo/Pt multilayers that were 

deposited on Si wafers and Si/ SiO2 windows, films with the bilayer periods 25 nm / 30 nm 

and 100 nm/ 100 nm were also sputtered on glass substrates which were used to collect X-

ray diffraction patterns. The use of glass substrates ensured that only peaks originating 

from the films were collected. A Siemens D-500 X-ray powder diffractometer with a Cu X-

ray tube was used to collect the diffraction data.   

The top view and cross sections of the nanocomposites, which were acquired by 

cleavage, were examined using a FEI Sirion 200 Scanning Electron Microscope. The actual 

layer thicknesses and total thicknesses of the multilayers were measured from the SEM 

micrographs and are also presented in Table 2.1 along with the nominal thicknesses. 

 The mechanical properties of the films were measured using a Hysitron Triboscope 

with the nanoDMATM attachment which allowed the recording of contact stiffness at 

various points during loading, allowing modulus and hardness to be measured as a function 

of penetration depth for a given indentation. A calibrated Berkovich tip was used for the 

indentations. All hardness values reported in this chapter refer to values measured at 

contact depths that correspond to approximately 10 % of the total film thickness. This 
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choice minimizes the influence from the substrate on the measured values and at the same 

time is deep enough to minimize any effects from surface roughness. Each sample was 

indented for at least 5 times and 80 measurements per indent were collected. The values of 

hardness and modulus reported here are averages of the indentations at a contact depth 

equal to 10% of the film thickness. 

A bulge testing apparatus was also used to measure the modulus and residual stress 

of the films that were fabricated into membranes. A Polytec OFV 511 scanning laser 

vibrometer recorded the displacement of the center of the membrane as a function of 

pressure. The pressure was applied using a Meriam Pressure/Vacuum variator. For all the 

films that were used at least 20 tests were performed and the residual stress and modulus 

reported in each case are averages of these measurements. 

XPS spectra were also collected from the 100 nm/100 nm and 25 nm/ 30 nm Mo/Pt 

films with an AXIS-165 manufactured by Kratos Analytical Inc using an achromatic 

MgKα (1254 eV) X-ray radiation with a power of 210 W.  The spectrometer was calibrated 

using the Au 4f 7/2 peak at 84.2 eV and the Ag 3d5/2 peak at 368.5 eV.   In order to 

investigate the chemistry of the nanolayered films depth profiles were collected. The first 

two layers of each nanostructure were probed by using Ar+ sputtering at 4keV and 

collecting XPS spectra at regular sputtering time intervals. Mo and Pt films deposited at the 

same sputtering conditions as the individual layers of the nanocomposite were used as 

reference samples for the XPS analysis. 
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2.4 Results and discussion 

2.4.1 Strength enhancements with decreasing layer thickness 

A typical view from the surface of the nanocomposites can be seen in Figure 2.1. 

The in plane grain size is small, ranging from 10 to 30 nm, with the grains appearing 

faceted. Some voiding along the grain boundaries is also observed, indicative of Zone I 

film growth. These characteristics are common for all films used in this study irrespective 

of layer thickness. Typical cross sections, acquired using cleavage, are presented in Figure 

2.2. The columnar structure of the Pt grains can be clearly seen for the structures with the 

thicker layers.  

 

Figure 2.1. Top view of the 35 nm/100 nm Mo/Pt film. The grains appear faceted and 
some voiding along the grain boundaries is present 

 

The hardness and modulus as a function of contact depth for all films was 

determined using nanoindentation and the corresponding graphs are presented in Figures 

2.3 and 2.4. The values of modulus and hardness at a contact depth corresponding to 

approximately 10% of the total film thickness are reported in Table 2.1. In the same table 
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the hardness and modulus for the reference Mo and Pt films with a thickness of 500 nm are 

reported.  The Pt film with the 500 nm thickness had a considerable amount of surface 

roughness making it difficult to accurately report the values for modulus and hardness.  

 

Figure 2.2 Typical cross sections for 4 layered and 20 layered composites 
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Figure 2.3 Hardness as a function of contact depth for all the multilayers used in this study. 
The smaller the thickness of the Pt layer the harder the films appear 
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Figure 2.4 Elastic modulus of all multilayers as a function of contact depth 

 

 The moduli for the as deposited Mo/Pt films are considerably lower than what 
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the fact that the modulus value for the Mo film is also considerably lower than the one for 
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correlated to the Ar pressure and it was shown that higher Ar pressures result in lower film 
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of the Pt layer could act as fast diffusion paths for oxygen which could subsequently form 

Mo oxides impacting the elastic properties of the films.  

The low modulus values for the multilayers and the Mo reference film were further 

confirmed using the bulge testing technique. Pressure deflection data for both the 500 nm 

Mo film and the 100 nm/ 100 nm Mo/Pt multilayer deposited on 2.5 μm Si/SiO2 square 

windows were collected. The biaxial modulus of the membranes (film and substrate) was 

determined by curve fitting the pressure deflection data and a weighted average with 

thickness for the Poisson's ratio was subsequently used to find the Young's modulus of the 

membranes. Poisson's ratios of 0.17, 0.22 [31], 0.31 and 0.38 were used for the SiO2, Si, 

Mo and Pt layers respectively to determine the average ratio value. Finally the Young's 

modulus of the film alone was calculated using the following relationship:  

 film
tot

film
subs

tot
subs

tot E
t

t
E

t
t

E ⋅+⋅=  (2.2) 

where tsubs, tfilm, ttot are the thicknesses of the substrate, the film and the membrane and 

Esubs, Efilms, Etot  are the corresponding values of the Young's modulus.  

The moduli measured using nanoindentation and those determined using the bulge 

testing technique for the two films (Table 2.2) are statistically similar indicating that the 

low values are a true property of this particular structure and system. The small variation in 

the elastic modulus of the multilayer as determined using both methods is the result of 

small differences in the thickness of the Mo layer. 
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Table 2.1 Modulus and hardness values for all multilayered Mo/Pt films used in this study 
 

    

  

 

 

 

 

 

 

 

 

 

 

 

 
 

 
 

Table 2.2 Comparison of Young's modulus measured with nanoindentation and bulge 
testing 

 

Film E (GPa),  nanoindentation 
 

E (GPa),  bulge testing 
 

Mo (500 nm) 130.88 ± 7.43 144.48 ±  8.54 (ν = 0.2338) 

Mo/ Pt 100 nm/ 100 nm 
124.69 ± 4.26 

( true layer thickness 93 nm/ 
102 nm) 

133.98 ± 11.98 (ν = 0.2353) 
( true layer thickness 110 nm/ 

100 nm) 
 

Mo/Pt film H (GPa) E (GPa) 

20 nm/20 nm 
(18 nm/21 nm) 

 
6.62 ± 0.26 

 
128.19 ± 3.21 

 

25 nm/30 nm 
(25 nm/29 nm) 

 
6.29 ± 0.29 

 
140.17 ± 2.59 

 

60 nm/35 nm 
(60 nm/34 nm) 

 
5.85 ± 0.52 

 
138.96 ± 5.77 

 

35 nm/100 nm 
(33 nm/94 nm) 

 
3.67 ± 0.41 

 
125.52 ± 6.53 

 

55 nm/100 nm 
(55 nm/107 nm) 

 
3.8 ± 0.45 

 
131.36 ± 7.12 

 

100 nm/100 nm 
(93 nm/102  nm) 

 
4.29 ± 0.30 

 
124.69 ± 4.26 

 

Mo film (500 nm) 5.86 ± 0.56 
(~50 nm contact depth)  130.88 ± 7.43 

Pt film (500 nm) 
1.12 ± 0.2  

 (~ 100 nm contact depth 
Large surface roughness) 

86.62 ± 6.13 



 29

The results presented in Table 2.1 show that when the thickness of the Pt layers is 

kept constant at approximately a 100 nm for the composites with 4 layers, the hardness 

values were similar despite the different Mo layer thickness. This indicates that, for the 

bilayer periods used in this study, the soft layer primarily determines the strengthening 

behavior of the multilayers, in accordance with previous models [2].  In [2] the yield 

strength of the multilayer is described as the sum of two terms; the stress necessary to 

cause dislocation glide in the soft layer and the stress necessary for dislocation transmission 

and yield of the hard layer. The stress for dislocation glide in the soft layer depends on the 

thickness of the layer whereas the stress for dislocation transmission does not change 

assuming that the structure of the interface does not depend on the bilayer period. This 

implies that nanostructures with the same Pt thicknesses, but different hard layer 

thicknesses would have similar hardness, as was observed here.  

The hardness data presented in Table 2.1 were converted to flow stress by dividing 

them by 2.7 [32] and were plotted as a function of the Pt layer thickness (Figure 2.5). The 

bilayer periods used in this study correspond to lengths where the CLS model has been 

used to describe the strengthening behavior of other incoherent systems [2, 5]. In [5] a 

modified CLS model has been used to describe the hardening behavior of the composite 

with the strength given by:   

 
λ

α
ν
ν

π
μσ C

h
f]

b
h)[ln(

h
bMcls +−

′
−
−

′
=

1
4

8
 (2.3) 

where M is the Taylor factor, μ is the shear stress, b is the Burgers vector of the glide 

dislocation, h' is the layer thickness h projected on the glide plane, ν is the Poisson' ratio, α 

represents the core cutoff parameter, f is the interface stress, C is equal to μb/(1-ν) and λ is 
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the equilibrium spacing of the misfit dislocations array at the interface. The first term of the 

equation corresponds to the stress necessary to initiate dislocation glide in a layer of 

thickness h whereas the second term accounts for the stress present at the interface due to 

elastic deformation. The third term describes the stress opposing the glide of dislocation 

loops due to misfit dislocations already present at the interface. Since the system is 

incoherent these dislocations are deposited as the confined dislocation loops glide parallel 

to the interface. Equation (2.3) was used here to curve fit the strength as a function of layer 

thickness data for the Mo/Pt system. The values of μ= 61 GPa, b= 0.28 nm and ν = 0.38 

used in (2.3) correspond to the Pt layer. A value of 3.1 was assumed for the Taylor factor 

and f was set equal to 2 J/m2, a typical value for interfacial energies, since this value was 

not available from atomistic simulations for the Mo/Pt system. The core cut-off parameter 

α was set equal to 0.2; a value that has been used for the Cu/Nb incoherent system [5]. The 

equilibrium spacing of the misfit dislocations at the interface, λ, was kept as a fitting 

parameter and it was found equal to 26 nm, a reasonable value for the spacing of misfit 

dislocations. The curve fitted to the experimental data is represented by the solid line in 

Figure 2.5. The good agreement between the modified CLS model and the data for the 

Mo/Pt system shows that the single dislocation strengthening mechanism can describe the 

observed mechanical behavior in this case.    
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Figure 2.5 Fitting of the experimental data for the Mo/Pt system using the modified CLS 
model [5] 

 
 

If the nanocomposite film does not show significant strain hardening it is expected 

that the flow stress described by equation (2.3) will show good agreement with the flow 

stress calculated from hardness data which corresponds to a plastic strain of about 7 % [5]. 

The good agreement between the two stresses for the Mo/Pt nanocomposites, suggests that 

the system under investigation shows little strain hardening. This was confirmed by 

indenting the 100 nm/100 nm Mo/Pt film with both a Berkovich and a cube corner tip and 

finding in each case the hardness. Different tip geometries correspond to different 
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representative strains; approximately 7% for a Berkovich tip and 22% for a cube corner tip 

[33], hence if strain hardening does occur the hardness values will be considerably different 

for the two tips. However, as it can be seen in Figure 2.6 the hardness of the films didn't 

change significantly for the different strains indicating that the Mo/Pt nanocomposites have 

a low strain hardening coefficient.  

 

 

 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Figure 2.6 Hardness of Mo/Pt films as measured with nanoindentation for different 
representative strains.  
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2.4.2 Aging of multilayered films 

The nanoindentation data presented in Figures 2.3 and 2.4 were collected soon after 

the multilayers were sputtered. These measurements were repeated after 3 months to 

investigate whether aging of the films in ambient conditions affected their mechanical 

properties. Comparison of the hardness values for the as deposited and aged films indicated 

that the hardness of the nanocomposites has increased over time,  as shown in Figure 2.7 

for the 60 nm/35 nm and 25 nm/ 30 nm Mo/Pt case. However no change in the modulus of 

the same films occurred over time (Figure 2.8). Micrographs taken from the top and cross 

sections of the aged samples revealed no significant changes in microstructure that could 

account for the apparent change in strength. X-ray photoelectron spectroscopy was 

subsequently used to examine the composition and chemical bonding of the films.  

 

Figure 2.7 Changes in the hardness of the (a) 60 nm/ 35 nm and (b) 25 nm/ 30 nm Mo/Pt 
films over time. Aging of the films in ambient conditions (for 3 months) has improved their 

strength 
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Figure 2.8 Despite the changes in the hardness of the (a) 60 nm/ 35 nm and (b) 25 nm/ 30 
nm Mo/Pt film with aging, the modulus of the films remained unchanged 

 

Depth profiling of the aged 100 nm/ 100 nm and 25 nm/ 30 nm Mo/Pt films, using 

XPS, indicated the presence of Mo oxides in the Mo layer. The samples were Ar+ sputtered 

for predetermined amounts of time and XPS spectra were collected at the end of each 

sputtering cycle. The depth profile for the two top layers of the 4 layer structure is 

presented in Figure 2.9. In addition to the presence of Mo and Pt, O was also detected in 

the film and its concentration tracked with the concentration of Mo. Peak deconvolution of 

the Mo 3d spectra (Figure 2.10) collected from well within the Mo layer, at a sputtering 

time of 11400 s, indicated that in addition to elemental Mo0, at a binding energy of 228.1 

eV in good agreement with literature values [34,35] , a weak peak at 229.4 eV was also 

present (discussed in more detail in Chapter 3). This peak was associated to Mo+4 species 

due to the formation of MoO2 and was also found in the reference Mo film. Similar results 

were obtained for the first two layers of the 25 nm/ 30 nm Mo/Pt nanocomposite with a 

total of 20 layers (Figure 2.11). These results point to oxygen incorporation in the 
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multilayer structure, possibly along the Pt voided grain boundaries and the formation of 

oxides. The Pt 4f spectrum (Figure 2.12) acquired after 3400 s of Ar sputtering, well within 

the Pt layer, showed no peak shift. Pt in the aged samples appears in its elemental metallic 

form, Pt0. 

 
 
 

 
Figure 2.9 Depth profiling of the 100 nm/ 100 nm Mo/Pt film. The presence of O is 

detected in the multilayer and its concentration tracks with that of Mo 
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Figure 2.10 Mo 3d XPS spectrum. The position of the peaks appears shifted compared to 
the binding energy of elemental Mo. This shift is attributed to the presence of oxygen in the 

lattice 
 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Figure 2.11 Depth profiling of the aged 25 nm/ 30 nm Mo/Pt film reveals the presence of 
O in the sample. 

Pt 

Mo 

O 
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Figure 2.12 Pt 4f XPS spectrum. No shift of the peak is observed indicating that Pt is in its 
metallic form and no intermetallics with Mo have formed 

 

The oxidation of Mo can occur in the deposition chamber during sputtering or by 

post-deposition exposure of the films in air. In [30] the presence of O in sputtered Mo films 

was attributed to post deposition oxidation and the oxygen content was larger in less dense 

structures, with Ar pressure during sputtering controlling the density of the films.  Oxygen 

incorporation in Mo causes lattice expansion and can make the stress of the film more 

compressive [36]. In [37] the oxidation of tungsten films exposed to air at ambient 

temperature was studied. In this case it was shown that for porous (zone I) films oxygen 

incorporation at the voids was possible, causing the films to become more compressive 

with time. The authors did not observe a similar stress evolution when the films were kept 

under vacuum. These studies indicate that the introduction of oxygen in the Mo layer is 
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possible, especially considering the columnar structure and slightly voided boundaries of 

the Pt layers. If oxidation does indeed occur with post deposition exposure of the films in 

air it could account for the observed increase in hardness assuming that the Mo oxides are 

harder or that precipitate hardening occurs. 

 Since oxygen incorporation in Mo films has been associated with stress changes, 

more specifically an increase in compressive stresses, one would expect the residual 

stresses of the Mo layers to change with aging time if the oxygen content increases. This 

change of stress in the Mo layers would not affect the stress in the Pt layers although the 

net stress of the nanocomposite would change according to the following equation [38]: 

 BBAA hhh σσσ +=   (2.4) 

where h is the period of the structure , σA,  σB are the stresses of the individual layers A and 

B and hA and hB are the corresponding layer thicknesses. Equation (2.4) ignores any 

interfacial stresses that could be present in the nanolayered film. This correlation between 

the oxygen present in the Mo layers and the changes in residual stress offered an indirect 

way to check whether post deposition oxidation of the Mo layers did indeed occur. 

Changes in the residual stress of thin films with increase in the oxygen content have 

been reported in literature for other material systems [39, 40]. In [39] the oxidation of TiN 

thin films at room temperature was studied and the increase of the compressive stresses in 

the films with time was correlated to the different stages of the oxidation process and the 

increase of O in the films. A similar evolution of the compressive stress after exposure in 

air was reported for Ta films in [40].  
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In order to check whether any changes in the net residual stress, associated with 

changes in the O content of Mo, occur with aging, Mo and Mo/Pt films with two different 

bilayer periods were deposited on Si/SiO2 windows approximately 2.5 μm thick. The 

mechnanical properties of these membranes were monitored using the bulge testing 

technique. Pressure deflection curves were recorded and fitting parameters from these 

curves were used to calculate the modulus and residual stress of the films.  

The Mo films were first tested as soon as they were removed from the sputtering 

chamber and their elastic modulus was measured equal to 144.48 ± 8.54 GPa whereas the 

residual stress of the structure was 19.52 ± 1.07 MPa. The membranes were left in ambient 

conditions and although no buckling was present on the day of sputtering, which allowed 

measurements using the bulge testing technique, buckles appeared on the film surface the 

next day (Figure 2.13). The buckling of the Mo films prevented further measurements of 

the residual stress. This buckling however, indicated an increase in the compressive stress 

of the films consistent with an increase in oxygen content.  X-ray diffraction data collected 

on days 1 and day 20 after sputtering didn't detect a phase change in the films and only Mo 

peaks were present in both patterns (Figure 2.14). Since the presence of oxygen in the Mo 

films and the formation of MoO2 has been verified by XPS from the shift of the elemental 

peak (Figure 2.15), the XRD results point to very small dimensions of the forming oxides. 

The observed increase in the compressive stress combined with the presence of oxides in 

the Mo film supports the assumption that post deposition oxidation was responsible for the 

changes in residual stress. 
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After verifying that a change in the residual stress of the Mo films indeed occurs 

upon exposure in air, the stress evolution for the Mo/Pt nanocomposites was investigated. 

Two different multilayers were sputtered on the 2.5 μm thick Si/SiO2 windows; one with 

bilayer thickness of 25 nm / 30 nm and a total of 20 layers and one with bilayer thickness 

of a 100 nm/100 nm for a total of 4 layers. Both square and rectangular window geometries 

were used. In the case of the 25 nm/ 30 nm Mo/Pt films all membranes, both square and 

rectangular, buckled immediately after deposition hence no further testing was possible 

(Figure 2.16). For the rectangular geometry some permanent deformation could be seen 

immediately after deposition however the regular pattern of buckles (Figure 2.16 (b)) did 

not appear until several days after sputtering, implying that the compressive stresses in the 

film increased with time. 

 The 100 nm/ 100 nm Mo/Pt films did not buckle, allowing us to study the evolution 

of mechanical properties with aging in ambient conditions. The first set of data was 

collected on the day of sputtering and then measurements were repeated over an extended 

period of time. In Figure 2.17 the evolution of the net residual stresses with time is 

presented.  It is apparent that for the first days after sputtering the stress became more 

compressive, with the highest change occurring within the first 24 hours. Analysis of the 

residual stress data showed that the difference between the values for the first and second 

day were statistically significant with a t probability of less than 0.0001.  As more days 

elapsed a plateau in residual stress was observed. This change in residual stress where a 

rapid increase is followed by a plateau in stress values, correlates with what would be 

expected for the amount of oxygen incorporated in the film during a diffusion controlled 
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process. The oxygen content would increase rapidly upon initial exposure of the film in air 

before practically reaching a plateau for longer times. In this case however, 15 days after 

sputtering partial relaxation of the residual stress was observed. This relaxation of the 

residual stress with time hasn't been reported for other thin film systems where changes in 

stress were attributed to O incorporation [39, 40]. The difference between those systems 

and the one studied here is the presence of interfaces with a large surface area compared to 

the volume of the nanostructure. These interfaces probably played a role in the partial 

relaxation of the residual stress which could involve local rearrangement along the 

interface boundaries to accommodate some of the stress. Despite the change in residual 

stress no change was observed for the elastic modulus of the films (Figure 2.18) which 

stays constant over time in agreement with the results of nanoindentation.  

 

 

Figure 2.13  (a) Surface of the Mo membrane on the first day of testing. No buckles were 
present on the surface (b) Surface of the same Mo membrane the second day after 

sputtering when buckles could be seen on the surface 
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Figure 2.14 X-ray diffraction patterns taken from the Mo film deposited on the glass 

substrate. No change in the phases present is detected over time 
 

 

 
 

 

 

 

 

 

 

 
Figure 2.15 Mo 3d XPS spectrum taken from the 500 nm thick Mo film deposited on the 

Si substrate. The peak shift from the binding energy corresponding to elemental Mo is 
attributed to the presence of oxygen in the lattice 
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X-ray diffraction patterns collected from the Mo/Pt films over a period of time 

following sputtering and exposure in air, again did not capture the formation of Mo oxides 

(Figure 2.19).   

 

Figure 2.16 (a) Buckling of the 30 nm/ 25 nm Mo/ Pt film deposited on a square window 
which was observed directly after the membranes were removed from the sputtering 

chamber. (b) Although buckling of the 30 nm/ 25 nm Mo / Pt rectangular membranes was 
apparent as soon as the sputtering of the multilayers was complete, the regular pattern of 

buckles presented in this photograph formed several days afterwards 
 

 
 
    

 

 

 

 

 

 

 

Figure 2.17 Evolution of the residual stress for the 100 nm/ 100 nm Mo/Pt case (2 samples 
were used). The stress of the Mo film on the sputtering day (day 1) is also shown in this 

graph for comparison 
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Figure 2.18 Evolution of the elastic modulus of the 100 nm/ 100 nm Mo/Pt film with time 
(two samples were used). The modulus of the Mo film is also shown here for comparison. 

No change was detected over time 
 

 

 

 

 

 

 

 

 

 

 
Figure 2.19 Phase evolution of the 100 nm/ 100 nm Mo/Pt film deposited on a glass 

substrate with time. No molybdenum oxides were detected 
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The measurements of residual stress using bulge testing indirectly confirm the 

assumption that the oxygen content of the Mo/Pt films, and more specifically that of the 

Mo layers, changes with time when the films are exposed to air in ambient temperature. No 

other change is detected and the elastic modulus of the films as determined using both 

nanoindentation and bulge testing stays constant over time. Hence this post sputtering 

oxidation is thought to be responsible for the age hardening behavior.  This conclusion is 

further supported by the fact that the aging of multilayers that were already annealed at 475 

oC, which caused complete oxidation of all the Mo layers (and will be discussed in more 

detail in Chapter 3), yields no changes in strength. The comparison between the initial 

hardness of the annealed samples and their hardness after 3 months of aging in ambient 

conditions is presented in Figure 2.20. In [2] the plastic deformation of nanoscale 

multilayers is considered a two step process. The first step involves the plastic deformation 

of the softer layers, with single dislocation loops gliding parallel to the interface (CLS 

model), while the second describes the slip transfer across the interface and the yielding of 

the hard layer. Hence the total yield strength of the composite is determined by the stress 

necessary to cause dislocation glide within the soft layer, which depends on layer thickness, 

and the additional stress needed for dislocation transmission in the hard layer. For the Pt-

based nanocomposites studied here, Pt is the soft layer where dislocations initially glide 

and get pinned by the Mo/Pt incoherent interface. The increase in strength after aging in 

ambient conditions can be explained by the formation of Mo oxides at the Mo/Pt interface. 

The precipitates at the interface can act as obstacles to dislocation motion and inhibit 

dislocation transmission across the interface, in the manner described by the Orowan type 
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strengthening mechanism. In this case the third term in equation (2.3) becomes more 

general to describe the effect that both misfit dislocations and precipitates, present at the 

interface, have on dislocation glide within the soft layer. This term then represents the 

stress opposing dislocation glide originating from obstacles at the interface, where λ now is 

the separation distance of these obstacles. 

 

 
 
 
 
 
 
 

Figure 2.20 No changes in the hardness of annealed Mo/Pt films is detected with aging 
time. (a) 25 nm/ 30 nm annealed film (b) 60 nm/ 35 nm annealed film 

 

It should be noted here that attempts to make the 100 nm/100 nm membranes free 

standing by removing the Si/SiO2 backing substrate by reactive ion etching were 

unsuccessful. After the ion etching cycle was complete no film was left over the window. 

In order to verify that the destruction of the film was the result of the residual stress in the 

film and not of the etching process, a Mo/Pt membrane was covered by photoresist before 

RIE. The idea was that this film would act as a protective layer. Once the etching was 

complete and the backing substrate was removed the effect of compressive stresses on the 

film was apparent (Figure 2.21 (a)). Upon removal of the photoresist by floating the film in 

0

2

4

6

8

10

0 20 40 60 80 100 120 140

H
 (G

P
a)

h
c
 (nm)

as deposited sample

aged sample

(a) 

0

2

4

6

8

10

0 20 40 60 80 100 120 140

H
 (G

P
a)

h
c
(nm)

as deposited sample

aged sample

(b) 



 47

acetone the free standing membrane was completely destroyed (Figure 2.21 (b)). Using this 

procedure it was once more confirmed that compressive residual stresses are present in the 

as deposited multilayers and it was shown that these stresses prevent the fabrication of free 

standing membranes.  

 

 

 

 

 

 

 

 
Figure 2.21 (a) The 100 nm/ 100 nm Mo/Pt film was made free standing by using reactive 

ion etching to remove the 2.5 μm of Si/SiO2 substrate. The surface of the sample was 
covered with photoresist (total thickness of 1 μm) to protect the film during the etching 

process. The buckles present indicate that the film is under compressive residual stresses 
(b) After removing the photoresist from the surface the free standing membrane failed 

 

2.5 Summary 

 
The mechanical properties of the Mo/Pt multilayered system were studied using two 

techniques, nanoindentation and bulge testing. Multilayers with different bilayer periods 

were studied and the hardening behavior was similar to that reported for other fcc-bcc 

systems which form incoherent interfaces. For the layer thicknesses used in this study the 

confined layer slip model (CLS) seems to describe well the strengthening behavior of the 
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nanocomposites. It was also shown that when the thickness of the Pt layer, the soft layer for 

this system, was kept the same (at approximately 100 nm) the hardness did not change 

significantly despite the different thicknesses of the Mo layer. This result indicates the 

importance of the soft layer, at the length scales investigated here, in determining the 

overall strengthening behavior of the nanostructure. Another observation of this study was 

the increase in the hardness of the films after aging in ambient conditions. The combination 

of the results of X-ray Photoelectron Spectroscopy with the evolution of residual stresses in 

the nanolayered films, acquired using the bulge testing technique, pointed to O 

incorporation as responsible for the aging behavior. Mo oxides that form at the Mo/Pt 

interface act as obstacles to dislocation glide, in the manner described by the Orowan 

strengthening mechanism, increasing the strength of the aged samples. The fact that no 

increase in strength was observed after the aging of annealed samples, where complete 

oxidation of all the Mo layers occurred upon annealing, further verified the assumption that 

post sputtering deposition is responsible for the aging behavior.  
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3 Chapter Three: Thermal Stability of Mo/Pt 

multilayers 

 

The majority of the information in this chapter has been included in a paper accepted for 

publication in the Journal of Materials Science. The collection of the XPS data and the 

corresponding analysis were done in collaboration with Dr Louis Scudiero. 

 

3.1 Introduction 

Composite structures that consist of two alternating thin metal layers have attracted 

a considerable amount of interest due to their improved mechanical properties when 

compared to those of their individual constituents. The layering of a soft metal with a 

harder one yields higher strength values than would be expected by a simple rule of 

mixtures, with the strength increasing as the thickness of the layers decreases [1-4]. The 

interface between the two metals can be either coherent or incoherent. In the first case (for 

example Cu-Ni) the strengthening is due in part to the elastic mismatch between the two 

films.  In the second case (for example Cu-Nb) the interface acts as a substantial barrier to 

dislocation motion. For these multicomponent systems both layer thickness and interface 

type determine the overall mechanical behavior, with incoherent interfaces generally 

yielding at higher strength values than the coherent case.  
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The mechanical properties of multilayered structures have been primarily 

investigated at room temperature. However some potential applications involve high 

temperature or oxidizing environments and thermal excursions, which make the long term 

stability an important issue. The composite with improved mechanical properties must 

maintain its strength at high temperatures in order to be a viable candidate for these 

conditions. Studies of nanolayered systems have shown that stability at high temperatures 

can be a concern [5, 6]. For instance, annealing Ta/Cu films at temperatures ranging from 

400 to 800 oC showed complete disintegration of the layered structure at 800 oC [5], with a 

final microstructure of equiaxed Cu and Ta grains. Experiments on the thermal stability of 

Cu/Nb films with layer thicknesses of 15, 35 and 75 nm at temperatures up to 800 oC for 

times reaching 60 h, showed that the nanostructures with thicknesses of 35 and 75 nm were 

stabilized by the alignment of triple point junctions in a zig zag pattern [6]. This alignment 

seemed to protect the structure from layer pinch off and subsequent spheroidization. Hence 

the composites maintained most of their strength with the 75 nm thickness being stable 

even after 60 h at 700 oC. Although realignment of the grain boundaries did occur in the 15 

nm thick layers it didn't effectively stabilize the structure. In the thinnest films at 700 oC 

even short annealing times (30 min) caused the loss of the layered structure which resulted 

in a significant decrease of the film hardness. This demonstrates that maintaining the 

layered structure at high temperatures is crucial in retaining the high strength of the 

nanocomposite. 

While many multilayer studies have focused on Cu as the FCC metal [7-9], it is not 

the only FCC metal of interest in thin film applications.  Pt is used in applications as an 
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electrode for high temperature oxidizing conditions. For instance, Pt electrodes are 

commonly used for fabricating piezoelectric Pb(ZrxTi1-x)O3 films [10]. Piezoelectric films 

in membrane form can be used as MEMS acoustic transducers, and they exhibit enhanced 

performance when operated at high strains [11]. Silicon (Si) is commonly added as a 

support layer which helps the membrane withstand high pressures. At high strains the 

support layer doesn't add to the efficiency of the device so there is interest in removing it 

from the structure. In this case the bottom electrode could act both as the electrical 

component and the support layer of the piezoelectric actuator. However, Pt develops high 

residual tensile stresses after deposition and subsequent MEMS processing, and is 

generally not a suitable free standing film for thin membranes. Layering of Pt with another 

metal could improve the mechanical properties of the film and allow fabrication of free 

standing membranes.  

In the current study molybdenum (Mo) was chosen as the second metal to be used 

with Pt in multilayered structures. Mo forms an incoherent interface with the Pt layer, and 

thus should result in high strength films. Additionally, Mo has some solid solubility in Pt 

and does form intermetallic phases with Pt, and as such is representative of many of the bcc 

metals with Pt. Mo/Pt multilayers with a number of different thickness combinations were 

sputtered and their strength was evaluated using nanoindentation. In each case the strength 

of the composite was higher than that of the Pt film alone making these nanolayered 

structures attractive for MEMS applications. Since piezoelectric MEMS processing often 

involves high temperature annealing in air [10] the thermal stability  and oxidation of these 



 56

composites is an important issue in addition to problems such as the pinching off of layers 

and grain coarsening already reported for other multilayered systems [5, 6]. 

In order to study the thermal stability of the Mo/Pt system and investigate the 

changes in the strength for films with different bilayer periods all structures were annealed 

at 475 oC for 1 h. The strength of the composites was determined using nanoindentation 

and the resulting microstructures were studied by Scanning Electron Microscopy (SEM). 

Bulk and surface chemical compositions were investigated by X-ray Diffraction (XRD) and 

X-ray Photoelectron Spectroscopy (XPS).  Chemical bonding information was obtained by 

XPS.  The use of these complementary techniques allowed a correlation between the 

observed microstructure, chemical properties and the measured hardness of the annealed 

samples.  

 

3.2 Experimental details  

The nanolayered films used in this study were deposited by sequential DC 

magnetron sputtering at nominally room temperature. Films with 4, 10 and 20 layers were 

sputtered on Si wafers. The wafers were thermally oxidized forming a SiO2 layer 

approximately 120 nm thick. The Mo layer was always the first layer in the sequence 

directly sputtered on the oxide, with Pt being the last layer of the nanocomposite.  The 

thicknesses of the nanolayered structures used in this study are shown in Table 3.1. The 

background pressure in the chamber prior to sputtering was 1·10-6 Torr. All Mo layers were 

sputtered at a regulated power of 200 W and an Ar pressure of 3.8 mTorr while the Pt 

layers were sputtered at a regulated power of 60 W and an Ar pressure of 11 mTorr. The 
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deposition rate for each metal was kept constant for all different composites and different 

layer thicknesses were obtained by accordingly varying the deposition time. In addition to 

the Mo/Pt multilayers that were deposited on Si wafers, films with the same bilayer period 

as samples 2 and 6 were also sputtered on glass substrates. The use of glass substrates 

allowed the acquisition of X-ray diffraction patterns from the films without the contribution 

of Si to the pattern. A Siemens D-500 X-ray powder diffractometer with a Cu X-ray tube 

was used to collect the diffraction data. 

Films with the same bilayer period as samples 2 and 6 were also sputtered on 

Si/SiO2 windows which were fabricated using standard photolithography techniques. The 

Si/SiO2 backing substrate had a thickness of approximately 2.5 μm. These membranes were 

used to evaluate the residual stress in the as deposited and annealed case using the bulge 

testing technique [12, 13]. The presence of compressive residual stresses in the as deposited 

films caused sample 2 to buckle after deposition, so only results for the 100 nm/ 100 nm 

Mo/Pt film, as measured before and after annealing, are reported.   

The thermal annealing of the various films was done in a Lindberg 1800 oC box 

furnace in air. The samples were heated at a rate of 8 oC/ min to 475 oC and held at 

temperature for 1 h. The samples were then furnace cooled to room temperature. Both films 

deposited on Si wafers and glass substrates were thermally treated following this 

procedure.  

Cross sections of the as deposited and annealed films obtained by cleavage were 

studied using a FEI Sirion 200 Scanning Electron Microscope. The individual layer and 
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total thicknesses of the multilayers were determined by the Scanning Electron Microscope 

micrographs. 

 The actual layer thicknesses are reported in Table 3.1 along with the nominal 

values. The mechanical properties of the as deposited and annealed films were measured 

using a Hysitron Triboscope with the nanoDMATM attachment. Using this attachment the 

contact stiffness at various points during loading was recorded, which allowed the 

measurement of modulus and hardness as a function of penetration depth for any given 

indentation. A calibrated Berkovich tip was used for the indentation. The hardness values 

presented in this paper are averaged values which correspond to contact depths 

approximately equal to 10 % of the total film thickness. This choice of contact depth 

minimizes the influence of the substrate on the measured values, but at the same time is 

deep enough to minimize any effects from surface roughness. Each sample was indented at 

least 5 times and 80 measurements per indent were collected. The values of hardness and 

modulus presented in this study are averages of these nanoindentation measurements. 

The XPS spectra of the 100 nm/100 nm Mo/Pt films were obtained with an AXIS-

165 manufactured by Kratos Analytical Inc. using an achromatic MgKα (1254 eV) X-ray 

radiation with a power of 210 W.  The spectrometer was calibrated against both the Au 4f 

7/2 peak at 84.2 eV and the Ag 3d5/2 peak at 368.5 eV.   Curve fitting of the XPS peaks was 

performed with the commercial CasaXPS software using Gaussian/Lorentzian line shape.  

The chemistry of the film was sampled by depth profiling. Ar+ sputtering at 4keV 

combined with XPS provided a way to analyze the first two layers of the multilayer sample 

under two conditions (as deposited and annealed in air at 475 °C).  In addition, XPS spectra 
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of clean Mo and Pt were acquired for films prepared under the same sputtering conditions 

as the corresponding layers of the multilayer films. These spectra were used as reference 

for the binding energies of Mo and Pt. 

 

Table 3.1 Specimens used in this study. Both nominal and actual layer thicknesses are 
reported 

 

3.3 Results and Discussion 

A typical micrograph from the surface of the as deposited films can be seen in 

Figure 3.1. The grains appear faceted and some voiding is present along the grain 

boundaries. The grain size ranged from 10 to 30 nm. The grain sizes for the as deposited 

films were similar in all cases regardless of layer or total thickness. Representative cross 

sections of the as deposited films can be seen in Figure 3.2 and 3.3. The growth residual 

Sample # 
Nominal layer 

thickness (Mo/Pt) 

Measured Layer 

thickness (Mo/Pt) 

Total Film Thickness

1 (20 layers) 20 nm/20 nm 18 nm/21 nm 430 nm 

2 (20 layers) 25 nm/30 nm 25 nm/29 nm 590 nm 

3 (10 layers) 60 nm/ 35 nm 61 nm/35 nm 503 nm 

4 (4 layers) 35 nm/ 100 nm 33 nm/94 nm 252 nm 

5 (4 layers) 55 nm/100 nm 55 nm/107 nm 336 nm 

6 (4 layers) 100 nm/100 nm 93 nm/102  nm 391 nm 
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stress of the as deposited 100 nm/ 100 nm Mo/Pt film was a compressive stress of 10.5 ± 

0.7 MPa measured using bulge testing. 

The hardness values as determined using nanoindentation are presented in Table 

3.2. These averages correspond to a contact depth approximately equal to 10% of the film 

thickness. It is apparent from these values that the thinner Pt layers provide higher strength 

composites, which is in accordance with results for other systems where the strength 

increases as the layer thickness decreases [1]. 

 

Figure 3.1 Top view of the 35 nm/ 100 nm Mo/Pt film. The in plane grain size of Pt is very 
small and some voiding can be seen along the grain boundaries 

 

 

 

 

 

 

 

Figure 3.2 Representative cross section of the 55 nm/ 100 nm Mo/Pt film. The lighter 
contrast layers with the distinct columnar structure of the grains are Pt layers 
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Figure 3.3 Typical cross sectional area of structure with 20 layers. The nominal layer 
thickness is 25 nm/ 30 nm Mo/Pt 

 

Table 3.2 Comparison of hardness values for all films before and after annealing 

 

Nominal Layered Film (Mo/Pt) H (GPa) 
H (GPa)  

annealed 

% decrease in 

strength after 

annealing 

20 nm/20 nm 
 

6.62 ± 0.26

 

4.17 ± 0.19 

 

37 

25 nm/30 nm 6.29 ± 0.29 3.71 ± 0.75 41 

60 nm/ 35 nm 5.85 ± 0.52 4.37 ± 0.71 25 

35 nm/ 100 nm 3.67 ± 0.41 2.87 ± 0.49 22 

55 nm/100 nm 3.8 ± 0.45 3.36 ± 0.52 12 

100 nm/100 nm 4.29 ± 0.30 3.32 ± 0.40 23 

200 nm Pt (single layer) - 2.63 ± 0.45 - 
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The phase diagram of Mo-Pt shows that there is solubility over a significant range 

of compositions and exhibits a number of different intermetallics [14]. The study of 

annealed samples was necessary in order to determine whether the layered structure of the 

nanocomposites is maintained, if any intermetallics formed during the thermal processing, 

and how these microstructural changes affected the strength of the resulting films.  For this 

reason the as deposited films were annealed in air at 475 oC for 1 h.  

After annealing the residual stress of the 100 nm/ 100nm film became tensile and a 

value of 38.4 ± 1.6 MPa was measured using bulge testing. The relatively small difference 

in the values of the net residual stress for the same film before and after annealing indicates 

that the net stress of the multilayers may not be an important factor in the overall behavior 

of the films with the stresses in the individual layers possibly playing a more important 

part. 

The modulus and hardness of the annealed films as a function of contact depth were 

again measured using nanoindentation and the corresponding values of hardness are 

presented in Table 3.2. In all cases the strength of the annealed films was lower than what 

was determined for the as deposited case; with the decrease being more significant for the 

thinner Pt layers. Despite this decrease the hardness of all annealed films was still higher 

than that of 200 nm Pt films annealed at the same temperature (2.63 GPa). Comparison 

between the hardness versus contact depth for the as deposited and annealed case can be 

seen in Figure 3.4 for two of the samples used in this study.  In order to explain the strength 

loss and the difference in behavior between thinner and thicker layers the microstructure of 

the annealed films was studied using the SEM. 
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In Figure 3.5a and 5b the top view and cross section of the annealed 55 nm/100 nm 

Mo/Pt film are shown. After the heat treatment the slightly voided boundaries open 

significantly, forming cracks along the Pt grain boundaries. In Figure 3.6 an SEM 

micrograph from a tilted annealed sample is shown. From this image it can be seen that the 

cracks which formed after annealing extend in a significant depth of the film reaching at 

least up to the first interface between Mo and Pt. The in plane grain size is larger than what 

was observed for the as deposited films, ranging from 20 to 50 nm. This grain coarsening 

can be responsible for the observed decrease in strength. Comparing the cross section of the 

as deposited sample (Figure 3.2) to the one after annealing (Figure 3.5b) it is apparent that 

a significant change in the microstructure has occurred. Although after the heat treatment 

the layering of the composite was maintained, the thickness of all the Mo layers has 

significantly increased. This increase in the thickness of the Mo layers was typical for all 

structures with the thicker Pt layers namely samples 4, 5 and 6. A possible explanation for 

the increase in thickness is the oxidation of Mo. Mo oxides have lower densities than Mo, 

and hence a significant increase in volume is observed during oxidation [15]. This volume 

expansion likely causes the observed cracking along the grain boundaries. Although for 

these multilayered structure Pt as the top layer is directly in contact with air, diffusion of 

oxygen can occur along the Pt grain boundaries causing oxidation of the underlying Mo 

layers. It is probable that oxygen diffusion is further enhanced by the crack formation.  X-

ray Photoelectron Spectroscopy and X-ray Diffraction were used to verify that oxidation is 

responsible for the apparent changes in microstructure. 
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Figure 3.4 Representative curves of hardness versus contact depth for as deposited and 
annealed samples. In both (a) ( 20 nm/ 20 nm Mo/Pt) and (b) (100 nm/100 nm MoPt film) 
the hardness values for the annealed composites are lower than the corresponding values in 

the as deposited case 
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Figure 3.5 (a)Typical top view of the film surface for annealed samples with thicker 
layers. Cracking along the grain boundaries is present. (b) Cross section of the 55 nm/ 100 

nm Mo/Pt film after annealing at 475 oC for an hour. The thickness of the Mo layers 
(darker contrast) considerably increased during annealing compared to the initial thickness 

(Figure 3.2) 
 

 

 

 

 

 

 

Figure 3.6 SEM micrograph of the tilted 35 nm/ 100 nm Mo/Pt film. The voided 
boundaries seen on the top view see to extend up to the first interface between Pt and Mo 

a 

b 
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Figure 3.7 shows the Pt 4f and Mo 3d spectra.  Both reference spectra of Pt 4f and Mo 3d 

and spectra obtained at sputtering times of about 3400s and 11400s from the annealed 100 

nm/ 100 nm Mo/Pt film are shown for comparison.  The Pt 4f spectrum (Figure 3.7a) 

acquired after 3400s of Ar sputtering (Pt layer) shows no peak shift. Pt appears in its 

elemental metallic form, Pt0, which indicates that no Pt/Mo intermetallics formed during 

the annealing process. Figure 3.7b shows XPS spectra of Mo 3d from the reference Mo 

film, the as deposited and the annealed 100 nm/ 100 nm Mo/Pt multilayer after 11400s of 

Ar sputtering.  The spectra for the reference film and the as deposited nanocomposite film 

exhibit similar Mo species.  The main peak at a binding energy of (BE) = 228.1 ± 0.1 eV is 

assigned to elemental Mo0, in good agreement with literature values [16, 17].  A weak peak 

at BE = 229.4 eV is assigned to Mo4+ due to oxygen present in the film. This peak is 

associated with MoO2.  The XPS spectrum of Mo for the annealed sample after 11400s of 

Ar sputtering displays at least two Mo oxide species. Deconvolution of the 3d doublet 

reveals the existence of Mo dioxide (Mo4+) and trioxide species (Mo6+).  No pure Mo peak 

is identified in the annealed sample. An XPS survey of the sample well within the Mo layer 

confirms the presence of a large amount of oxygen (~ 52 At%) in agreement with the 

findings of the peak deconvolution. The values for the binding energies and the oxides 

associated with each peak are presented in Table 3.3, and show that annealing the 

multilayered film led to the complete oxidation of Mo to form MoO2, Mox(OH)y and MoO3 

while no Mo-Pt intermetallics formed. Using the amount of hydroxide obtained from the O 

1s peak (not shown) the value of x and y were determined to be close to 1:1, respectively. 

Any intermetallics which formed during annealing would have resulted in a BE shift of 0.3 
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Figure 3.7 Spectra obtained from XPS of the 100 nm/ 100 nm Mo/Pt film. (a) Pt 4f XPS 
spectra.  No shift was observed between the reference (top spectrum) and the spectrum 
obtained after about 3400s of Ar+ sputtering of the annealed film (Pt layer) .  (b) Mo 3d 
spectrum from the reference film and peaks obtained before and after annealing of the 

composite at about 11400s of Ar sputtering (Mo layer) 
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Table 3.3 Binding energies and most probable oxidation states of Mo in annealed Pt/Mo 

multilayers 
 

Peak Binding Energy of the 3d5/2 peak (eV) Oxidation state of Mo 

1 228.1 Mo0  [16, 17] 

2 229.4 Mo+4 [17] 

3 231.0 Mo+4 [18] due to OH 

4 232.3 Mo+6 [18] 

 

Since XPS was only used to probe the first Mo layer (second layer in the stacking 

sequence) and identify the different oxidation states of Mo, X-ray diffraction was further 

utilized to verify that complete oxidation of all the Mo layers has occurred. X-ray 

diffraction patterns collected from the annealed 100 nm/ 100 nm Mo/Pt film deposited on a 

glass substrate can be seen in Fig. 3.8. In addition to peaks corresponding to Pt, Mo oxide 

peaks were clearly identified, whereas no peaks corresponding to pure Mo were present. 

These results combined with the apparent increase in the thickness of all the Mo layers in 

the annealed structures suggest that complete oxidation of the Mo layers has occurred upon 

annealing.     

Annealing structures with thinner Pt layers resulted in somewhat different 

microstructures than the ones described for those with the thickest Pt layers (100nm).Top 

view and cross sectional micrographs for the case of the 25 nm/30 nm Mo/Pt film are 

shown in Figure 3.9. The micrographs presented here are typical for all structures with Pt 

layers thinner than 35 nm layers (samples 1-3).  As was previously observed for structures 
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with thicker layers (Figure 3.5b) the thickness of the Mo layers has significantly increased 

after annealing (Figure 3.9b) compared to the as deposited case (Figure 3.3). This behavior 

is again indicative of oxidation during the thermal treatment. However in this case the 

layered structure was not maintained, with Pt appearing in the form of isolated islands 

rather than layers. The loss of the continuous interface is likely responsible for the 

significant decrease in strength recorded for all structures with thinner layers and presented 

in Table 3.2. 

 

Figure 3.8 X-ray diffraction pattern for the 100 nm/ 100 nm Mo/Pt film annealed at 475 oC 
for 1 h. a denotes the peaks assigned to MoO3 (pdf #005-0508), b corresponds to the 

Mo17O47 peaks (pdf #013-0345) and c marks the positions of the Pt diffraction peaks (pdf 
#004-0802) 
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The top view of the annealed sample (Figure 3.9(a)) also demonstrates a feature that 

indicates the importance of oxidation in this system. In addition to cracking that was also 

observed for the 4 layer films, white faceted platelets are present on the sample surface. 

These faceted platelets have similar appearance to MoO3 platelets that form during 

oxidation of Mo. A study of the oxidation of Mo silicides in air [20] showed that at 600 oC 

the sample surface was covered by white powder and XRD identified MoO3 as the primary 

phase. In this work, annealing at 800 oC caused complete volatilization of the MoO3 phase 

which was deposited on areas of lower temperature in the reaction chamber in the form of 

spikes. The volatile nature of molybdenum trioxide has been utilized in the synthesis of 

MoO3 whiskers by oxidation of Mo in an oxygen atmosphere where the temperature in the 

furnace reached 900 oC [21]. Although in both these papers volatilization seems to occur at 

higher temperatures than the one used here, in [22] partial vaporization of the forming 

oxide was reported for temperatures between 550 oC to 700 oC. These observations in 

literature over a wide range of oxygen pressures, combined with the fact that the formation 

of molybdenum trioxide is an exothermic reaction that releases significant amounts of heat 

[20, 22] make the volatilization of MoO3 a mechanism that could operate even at the 

moderate annealing temperature of 475 oC used in this study. This could also explain how 

oxide platelets appeared on the surface of the film despite the fact that Pt is the layer in 

direct contact with air. Diffusion of oxygen along the Pt grain boundaries caused the 

formation of various Mo oxides and a significant increase in volume. The heat released by 

the oxidation process locally increased the temperature, allowing the vaporization of 

molybdenum trioxide. The cracking that occurred along the grain boundaries in the case of 
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thin Pt layers along with the loss of the continuous interface between the two metals 

exposed the Mo layers and allowed MoO3 vapors to escape from the film. Condensation of 

the oxide vapors is expected on areas of lower temperatures (which can either be the 

surface of the sample or other areas inside the furnace). If this is the case, material loss 

from the film would be observed. This material loss was indeed observed for the 25 nm/ 30 

nm Mo/Pt film deposited on the glass substrate. Before the thermal treatment at 475 oC the 

surface of the film was reflective and no cracks could be seen macroscopically. However 

after annealing of the film macroscopic cracks which exposed the glass substrate were 

present indicative of significant material loss. The difference in the sample appearance 

between the multilayers with thicker (100 nm) and thinner (30 nm) Pt layers, after 

annealing at 475 oC is apparent (Fig 3.10). Both films shown were deposited on glass 

substrates. 

 

Figure 3.9 (a) Top view of the 25 nm/30 nm Mo/Pt film after it was annealed at 475 oC for 
1 hour. In addition to significant cracking other features are present on the surface, 

identified as MoO3 platelets. (b) Cross section of the 25 nm/30 nm Mo/Pt annealed film 
where the disruption of the layered structure is apparent with Pt appearing in the form of 

islands (light contrast areas of the multilayer) 
 

a b 
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X-ray diffraction of the annealed 25 nm/30 nm Mo/Pt film that was deposited on 

the glass substrate, shown in Figure 3.11, confirmed the presence of Molybdenum oxides 

and the absence of pure Mo in the sample. Although peaks corresponding to MoO3 are still 

present; they are not as well defined as the same peaks in the X-ray diffraction of the 

annealed samples with thicker Pt layers which did not undergo this platelet growth. This 

observation is in accordance with oxide volatilization during the annealing process once the 

Pt layer has lost continuity. Again the findings of the X-ray Diffraction, combined with the 

increase in the thickness of the Mo layers in the structures, suggest complete oxidation of 

all the Mo layers. The only difference from structures with thicker Pt layers is that here 

spheroidization of the Pt layers occurred which allowed partial volatilization of the forming 

oxide with subsequent growth of MoO3 platelets on the surface.   

 

Figure 3.10 (a) The surface of the 100 nm/ 100 nm Mo/Pt film deposited on a glass 
substrate after annealing at 475 oC for 1 h. (b) The surface of the 25 nm/ 30 nm Mo/Pt film 

were it is apparent that significant material loss has occurred. The difference from (a) is 
apparent 

 
From these findings it is apparent that the annealing of the composites causes a 

change in microstructure which results in lower strength. The difference in the magnitude 
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of the strength decrease for structures with thinner and thicker Pt layers indicates that 

different length scales are responsible for the observed strengthening of the as deposited 

films. Strengthening of poycrystalline multilayers relies on two length scales of interest; 

layer thickness and grain size [23]. When the in plane grain size is much smaller than the 

layer thickness both grains and interfaces play a role in the observed behavior. The 

hardness in that case will show a Hall-Petch type of dependency and will be associated 

with pile ups at the grain boundaries and the interfaces between the two layers. In [7] it is 

reported that for Cu composites with layer thicknesses larger than 50 nm the Hall Petch 

model can explain the hardening behavior with both grain boundaries and interfaces acting 

as barriers to dislocation motion. However as the layer thickness becomes smaller the 

interfaces will dominate the mechanical behavior by confining the dislocation motion 

within the soft layers of the nanostructure. These mechanisms correlate well with the 

observed mechanical behavior of the Mo/Pt multilayers. For the composites with a Pt layer 

of 100 nm, both grain size and interfaces determine the overall strength. After annealing 

the interface is maintained, despite apparent changes in layer thickness due to oxidation, 

and the observed decrease in strength can be justified by grain coarsening that occurs 

during annealing. However for the multilayers with the smaller Pt thicknesses the interfaces 

dominate the strengthening behavior. The loss of the continuous interface between the Mo 

and the Pt layer is responsible for the large decreases in strength that cannot be justified by 

grain coarsening alone. 
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Figure 3.11 X-ray diffraction pattern for the 25 nm/ 30 nm Mo/Pt film annealed at 475 oC 
for 1 h. a denotes the peaks assigned to MoO3 (pdf #005-0508), b corresponds to the 

Mo17O47 peaks (pdf #013-0345) and c marks the positions of the Pt diffraction peaks (pdf 
#004-0802) 

 

3.4 Summary 

Annealing of the Mo/Pt multilayer films in air at 475 oC caused changes in the 

microstructure of all films, regardless of layer thickness. These changes were more 

significant when the Pt layers were thin, 20 to 35 nm in this study, where disruption of the 

layering occurred along with destructive oxidation of Mo, which involved vaporization of 

the forming oxide. For the 100 nm Pt thicknesses no spheroidization was observed and 
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although again complete oxidation of all the Mo layers occurred, the Pt layers protected Mo 

from destructive oxidation. A novel growth mode in the oxidizing layers was demonstrated; 

despite the increase in the total film thickness the layered structure of the films was 

maintained indicative of a uniform oxidation process. These differences in microstructure 

between thinner and thicker layers were reflected in the strength loss after annealing of the 

various films. For the thicker Pt layers a significant amount of the as deposited strength 

was maintained, with the softening likely due to an increase of the in-plane grain size from 

10-30 nm to 20-50 nm. Films with thinner Pt layers exhibited a larger decrease in strength. 

The loss of the continuous interface between the Mo and the Pt layers, followed by the 

substantial oxidation and evaporation of the solid MoO3, is proposed as being responsible 

for the larger losses in strength. These results show that although thinner layers led to 

stronger films at room temperature, thicker layers with the subsequent sacrifice in initial 

strength should be used for high temperature applications in order to maintain a substantial 

fraction of the strength and integrity of the film. 
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4 Chapter 4: Conclusions and Recommendations for 

the Mo/Pt system  

 

4.1 Conclusions 

The mechanical properties of the Mo/Pt multilayered system were studied using two 

techniques, nanoindentation and bulge testing. Multilayers with different bilayer periods 

were studied and the hardening behavior was similar to that reported for other fcc-bcc 

systems which form incoherent interfaces. For the layer thicknesses used in this study the 

confined layer slip model (CLS) seems to describe well the strengthening behavior of the 

nanocomposites. It was also shown that when the thickness of the Pt layer, the soft layer for 

this system, was kept the same (at approximately 100 nm) the hardness did not change 

significantly despite the different thicknesses of the Mo layer. This result indicates the 

importance of the soft layer, at the length scales investigated here, in determining the 

overall strengthening behavior of the nanostructure. Another observation of this study was 

the increase in the hardness of the films after aging in ambient conditions. The combination 

of the results of X-ray Photoelectron Spectroscopy with the evolution of residual stresses in 

the nanolayered films, acquired using the bulge testing technique, pointed to O 

incorporation as responsible for the aging behavior. Mo oxides that form at the Mo/Pt 

interface act as obstacles to dislocation glide, in the manner described by the Orowan 

strengthening mechanism, increasing the strength of the aged samples. The fact that no 

increase in strength was observed after the aging of annealed samples, where complete 
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oxidation of all the Mo layers occurred upon annealing, further verified the assumption that 

post sputtering deposition is responsible for the aging behavior.  

Annealing of the Mo/Pt multilayer films in air at 475 oC caused changes in the 

microstructure of all films, regardless of layer thickness. These changes were more 

significant when the Pt layers were thin, 20 to 35 nm in this study, where disruption of the 

layering occurred along with destructive oxidation of Mo, which involved vaporization of 

the forming oxide. For the 100 nm Pt thicknesses no spheroidization was observed and 

although again complete oxidation of all the Mo layers occurred, the Pt layers protected Mo 

from destructive oxidation. A novel growth mode in the oxidizing layers was demonstrated; 

despite the increase in the total film thickness the layered structure of the films was 

maintained indicative of a uniform oxidation process. These differences in microstructure 

between thinner and thicker layers were reflected in the strength loss after annealing of the 

various films. For the thicker Pt layers a significant amount of the as deposited strength 

was maintained, with the softening likely due to an increase of the in-plane grain size from 

10-30 nm to 20-50 nm. Films with thinner Pt layers exhibited a larger decrease in strength. 

The loss of the continuous interface between the Mo and the Pt layers, followed by the 

substantial oxidation and evaporation of the solid MoO3, is proposed as being responsible 

for the larger losses in strength. These results show that although thinner layers led to 

stronger films at room temperature, thicker layers with the subsequent sacrifice in initial 

strength should be used for high temperature applications in order to maintain a substantial 

fraction of the strength and integrity of the film. 
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4.2 Future work- Recommendations 

The goal of this work was to improve the strength of Pt thin films used as bottom 

electrodes in MEMS devices by layering with another metal and ultimately make these 

films free standing. The first goal was achieved and the effects of varying bilayer period on 

the strengthening behavior were studied. However the presence of compressive residual 

stress in the films, despite their small value, did not allow the formation of free standing 

membranes. Hence future work includes the choice of a different metal as the second 

constituent in the layering sequence and investigation of the strengthening behavior in this 

case. Since high tensile stresses do not also allow the formation of free-standing 

membranes, the goal would be to have a nanocomposite structure with small tensile 

residual stresses. 

The strain hardening of nanolayered films is an aspect that has not been adequately 

addressed in literature. A better understanding of strain hardening in multilayered 

composites is necessary especially if the fatigue behavior of these films is of interest. The 

effect of strain hardening for the Mo/ Pt system was not significant however it may play a 

significant role in other multicomponent systems. Investigation of the change in 

mechanical properties with strain would involve the use of nanoindentation where indenters 

with different tip geometries would be utilized. This would allow the measurement of 

hardness, and correspondingly flow stress, at different strains, giving an insight of the 

strain hardening behavior. These results would be then utilized for the fatigue testing of 

nanocomposites.  
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5 Chapter Five: Characterization of Second Phase 

Precipitates in Polycrystalline YAG 

5.1  Lasers 

Lasers are used in numerous applications which include micromachining, welding, drilling 

and medical applications [1]. The acronym stands for Light Amplification by Stimulated 

Emission of Radiation; lasers produce a coherent, convergent and monochromatic beam of 

light [2]. The light production involves three different processes; population inversion, 

stimulated emission and light amplification. The population inversion which occurs 

between three or four energy levels in the active medium of the laser (Figure 5.1) is an 

excited atomic state where the higher energy levels have a larger number of electrons than 

the lower energy states. For the three level laser shown in Figure 5.1(a) absorption of 

electromagnetic radiation from a pumping source raises the electrons from the energy level 

Eo to E2. The lifetime of the electrons at this state is very small and rapid decay occurs to 

the level of energy E1 with no emission of radiation. The fluorescence lifetime of this 

energy level is large and with time the desired population inversion between the energy 

levels E1 and Eo occurs. Similar is the process for 4 level lasers where the population 

inversion is established between the energy levels E1 and E2 (Figure 5.1 (b)). Once the 

population inversion is achieved a photon of frequency equal to ν=(E1-Eo)/h triggers the 

emission of a photon with the same frequency by causing an electron transition to the Eo 

energy level lowering the energy of the excited atom. The incoming and emitted photons 

have the same frequency, direction of travel and phase and as a result they interfere 
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constructively increasing the light amplitude. The active crystal is situated in a resonant 

cavity which allows the photons to pass through it many times causing additional light 

amplification after each pass. The resonant cavity consists of highly reflective and carefully 

aligned mirrors which are placed at each side of the crystal perpendicular to the cavity axis. 

One of the mirrors is almost 100 % reflective and the other allows partial transmission of 

the amplified beam which is the output of the laser.    

Examples of crystals that are used in laser applications are Nd: YVO4 and Nd: 

Y3Al5O12 (YAG) with YAG being the one mainly used for industrial solid state lasers [1]. 

The dopant in the crystals, which for the examples mentioned here is Nd, is the active 

species of the laser media. Essentially the dopant atoms are the atoms where the three step 

process of population inversion, stimulated emission and light amplification takes place. 

Therefore a higher concentration of the active species is necessary for high power lasers 

[1].    

The properties that make a crystal a good candidate as a laser medium and host of 

the active atoms are high thermal conductivity, chemical stability and the easiness of 

machining the crystal to the desired dimensions [1]. Crystals used in solid state lasers must 

also have a large product of the cross section of stimulated emission and the fluorescence 

lifetime, low lasing threshold and stable operation for both types of oscillation mode, 

continuous and pulse, as well as high conversion efficiency [1]. 
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Figure 5.1 Energy diagrams for three (a) and four (b) level lasers [1] 

  

5.2  Single crystalline and ceramic YAG 

Yttrium aluminum garnet crystals (YAG) (Y3Al5O12) have attracted significant 

interest as the media in solid state lasers. Their optical and thermo mechanical properties 

make these crystals suitable for high efficiency laser oscillation [1]. Typically YAG single 

crystals are grown by the Czochralski method which is a time consuming and costly 

method. The amount of Nd that can be uniformly incorporated in the grown crystal is 

small, limited to about 1 at%, due to its low segregation coefficient [1, 3, 4].  This poses a 
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significant obstacle in the fabrication of compact high power lasers since higher Nd 

concentrations allow for a more efficient absorbance of light from the excitation source [1]. 

Due to the low segregation coefficient of Nd, during the growth of YAG crystal from the 

melt its concentration varies along the axial direction, resulting in a strained core [1]. 

Facets have also been reported which extend from the center of the boule towards its outer 

part parallel to the (211) planes [1, 5]. These facets have a non uniform concentration of Nd 

which results in optical inhomogeneity [1, 3, 5]. In order to avoid these problematic areas 

of the grown crystals that act as scattering sites and can deteriorate the beam quality, only 

parts of the ingot are drilled out and used in laser applications, which leads to a significant 

waste of material. In an attempt to overcome these issues, polycrystalline YAG was 

introduced as a substitute for single YAG crystals; these polycrystalline solids are 

commonly referred to as YAG ceramics to distinguish them from single crystals. The first 

transparent Nd: YAG ceramics were developed by Ikesue et al. [6-8] who reported 

successful laser oscillation using YAG polycrystals. It has been shown that the efficiency 

of polycrystalline YAG is at least equivalent to that of single crystals grown by the 

Czochralski method [9,10]. 

Ceramic YAG is synthesized using powders with particle sizes in the nanometer 

scale, which are sintered at high temperatures to form a dense structure. Two methods of 

forming polycrystalline YAG are documented in literature. The first is conventional 

sintering which uses single phase YAG powders (with particle dimensions on the 10’s to 

100’s of nm’s) obtained through a co- precipitation method [11, 12].  The second approach 

[7], uses reactive sintering of Al2O3, Y2O3 and Nd2O3 nanopowders with the appropriate 
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concentrations to form the YAG phase. The sintering process is facilitated by the use of 

sintering aids like SiO2 decomposed from tetraethyl orthosilicate (TEOS) [8]. The role of Si 

in this case is dual; it helps in the densification process by making the mass transport 

during sintering easier [13] and also allows the incorporation of larger amounts of Nd in the 

lattice [6, 14, 15]. The ability to incorporate higher concentrations of Nd in the 

polycrystalline lattice than in the single crystalline case makes ceramic YAG very 

attractive for high power lasers. 

Typical production of ceramic YAG, using the reactive sintering method, starts by 

ball milling the starting powders in water which includes an organic dispersant like 

methanol [3, 15].  A slurry is formed which is then dried using a spray drier and the 

resulting powder is pressed into discs. Calcination in air is commonly used to remove any 

organic residue from the discs [15]. The discs are usually sintered in vacuum at 

temperatures which range from 1700-1850 oC [3, 6-8, 16]. Variations of this method 

include a presintering process in vacuum at 1600oC with the discs being subsequently hot 

isostatically pressed in an argon atmosphere at temperatures which range from 1500oC to 

1700oC before the final sintering step [8]. After the sintering process the ceramic product is 

translucent rather than transparent and a heat treatment in air is commonly used to obtain 

transparent crystals [3]. Examples of translucent as sintered YAG ceramics can be seen in 

Figure 5.2. This translucency has been attributed for other systems [17] to oxygen 

vacancies that are introduced during the sintering process in vacuum. It is suggested that 

annealing in air reintroduces the lost oxygen in the matrix. 
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Figure 5.2 Translucent specimens after sintering at temperatures typically used for the 
production of ceramic YAG. Annealing in air will make these specimens transparent 

 

The major problem when using YAG as the laser media is the scattering of light 

which deteriorates the beam quality. In ceramic YAG, grain boundaries, residual pores, 

second phases and precipitates can act as scattering centers [1]. It has been reported that 

scattering from grain boundaries is minimal [6, 16] when no second phases are present 

along the interface. The presence of second phases, in the form of a thin film along the 

grain boundary, has been linked to the use of silica as a sintering aid [16]. Previous work 

has focused on some of the sources of scattering, mainly second phases along the grain 

boundaries and porosity [8,16]. In [15] the effect of silica on the reactive sintering of the 

ceramic YAG was investigated and second phases were identified in as sintered samples. 

However little attention was given on other types of precipitates that can be present in the 

transparent ceramics or how different heat treatments of as-sintered samples affect the 

precipitation behavior. In this work a systematic study of precipitation in as sintered and 

subsequently annealed samples is presented. This allows a correlation between the different 
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growth conditions and the observed microstructure. The final structure will affect the 

performance of the material as a laser active medium so a better understanding of the 

conditions under which each microstructure occurs is necessary in minimizing or even 

eliminating the presence of scattering in the final products. In addition to the precipitation 

behavior, issues related to the reactive sintering approach for ceramic YAG growth will be 

presented in this chapter. 

 

5.3  Experimental details 

In order to examine the solid state precipitation behavior of ceramic YAG, a 

number of different samples were used; samples were provided from a commercial source 

of YAG materials. Specimens with slightly different concentrations of the starting powders 

were investigated in order to evaluate the effect of stoichiometry on the observed 

microstructure and more specifically the formation of precipitates. In Table 5.1 the 

different off stoichiometry samples used in this study are presented. The growth process of 

the ceramic YAG specimens involved sintering at a temperature of 1800 oC followed by a 

heat treatment in air at 1400 oC, unless otherwise specified, after which all samples were 

optically transparent. The temperatures used for both steps were typical growth conditions 

presented in literature [3, 8, 15]. Thermal etching at 1550 oC was utilized in some cases to 

reveal the grain size distribution.  

   For specimens where precipitation did occur, the effects of post sintering 

annealing on the precipitate evolution were further investigated. Sintered specimens with 

the same composition were annealed for different amounts of time and at different 
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temperatures.  In this case the surface of the samples was mechanically polished before any 

thermal treatment took place and no further surface treatment was used once the annealing 

was complete. All heat treatments in air were performed with a Lindberg 1800 oC box 

furnace. All samples were heated at a rate of 8 oC/ min up to 800 oC and then at a rate of 4 

oC/ min up to the target temperature and held for the desired time. After the completion of 

the heat treatment the samples were furnace cooled to room temperature.   

All microstructures were investigated using a Sirion 200 Field Emission Scanning 

Electron Microscope equipped with an Energy Dispersive X-ray Spectrometer. 

Quantitative information about the precipitates was obtained using a Cameca Camebax 

electron microprobe with a Wavelegth Dispersive X-ray Spectrometer. A Siemens D-500 

X-ray powder diffractometer was also used to acquire X-ray diffraction patterns from 

samples where precipitation occurred. 

  

5.4  Results – Discussion 

5.4.1 Typical problems associated with reactive sintering 

When reactive sintering is used for the production of YAG, ceramic nanopowders 

of a-Al2O3, Y2O3 and Nd2O3 are weighted and sintered such that after the chemical reaction 

YAG with the desired concentration of the Nd dopant is acquired [15]. Residual pores, 

second phases and precipitates that are present in the final product can act as scattering 

centers and affect the performance of the laser. In this section examples of different 

problems that have been observed for YAG specimens grown by the reactive sintering 
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approach will be presented, whereas a more detailed investigation of the second phases and 

precipitates will follow.  

In Figure 5.3 the SEM micrograph of a YAG fracture surface is shown where some 

porosity is still present after the sintering process. 

 

 

 

 

 

 

 

Figure 5.3 Residual pores at the grain boundaries of sintered YAG sample as seen on a 
fracture surface taken from one of the specimens 

 

The micrographs in Figures 5.4 (a) and 5.5(a) present cases where it seems that 

incomplete reaction during sintering leaves spheres of pure alumina behind. The nature of 

these areas is confirmed by using EDS in the SEM (Figures 5.4(b),(c),(d) and 5.5(b)).  At 

high sintering temperatures (1700 oC) even for samples with the stoichiometric 

composition the presence of alumina areas has also been reported in literature [15]. Similar 

areas with those reported in [15] were found in YAG specimens used in the present study 

and can be seen in Figure 5.6 appearing dark compared to the surrounding YAG matrix. 

The use of sintering aids and the deviation of the starting composition from the 

YAG stoichiometry result in the presence of second phases in the ceramic product. An 
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example of Si rich precipitates that have formed along grain boundaries in a YAG 

specimen can be seen in Figure 5.7. The precipitation behavior as a function of 

composition and processing conditions will be investigated in more detail in the next 

sections. 

 

 

 

 

 

 

 

 

 

 

 

 

 
 

Figure 5.4 (a) Secondary Electron Micrograph of an area where incomplete reaction of the 
starting powders has occurred. The area in the center of the micrograph where small 

spheres are present is pure alumina as confirmed by the elemental maps acquired using 
EDS (b, c, d) 
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Figure 5.5 (a) Spherical alumina inclusions on the surface of ceramic YAG as confirmed 
by EDS (b) EDS spectrum of the spherical areas seen in (a), * marks the position of the Au 

peak 
 
 
 

 
 

Figure 5.6 (a) Al2O3 (dark areas) in the YAG matrix (lighter contrast) (b) EDS spectrum 
from the dark areas of (a) showing that they are pure alumina 
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Figure 5.7 (a) Si- rich second phases precipitating along the YAG grain boundaries (b) 
Spectrum taken from the precipitates shown in (a)the * marks the position of the Au peak  

  

5.4.2 Second phases and stoichiometry 

As it has been already mentioned when reactive sintering is used for the production 

of ceramic YAG, nanopowders of the starting materials, namely a-Al2O3, Y2O3 and Nd2O3, 

are mixed in specific concentrations so that after sintering the ceramic with the desired Nd 

concentration is produced. Silica is also commonly added as a sintering aid to assist in the 

densification process of the ceramic.  From the phase diagram of the Al2O3-Y2O3 system 

[18], where YAG appears as a line compound, it is apparent that small deviations from 

stoichiometry can cause significant differences in the resulting microstructure. In order to 

investigate the effect of these deviations on the YAG microstructure three samples with 

slightly different off stoichiometry compositions were investigated. The compositions used 

are shown in Table 5.1. All samples had approximately 1% TEOS as a sintering aid. The 

specimens were sintered and post annealed at typical temperatures used in the processing of 

*

(a) (b) 
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YAG ceramics [3, 8, 15]. For samples 1 and 2 the deviation from the stoichiometric 

composition showed no precipitation on the surface of the ceramic when examined using 

the SEM. However as the concentration of Yttria increased for specimen 3, precipitates 

formed on the surface and were observed using secondary electron imaging in the SEM 

(Figure 5.8). The precipitates mainly appeared along grain boundaries or at triple points 

between the grains with less precipitation present within the grains. The areas where 

second phases appear in the volume of the grains could correspond to the position of the 

initial grain boundaries before grain growth took place during the sintering process. 

Electron Dispersive Spectroscopy showed that the precipitates are Si and Y rich compared 

to the composition of the YAG matrix (Fig. 5.9). However due to the small size of the 

precipitates the interaction volume of the X-rays is comparable or larger than their size 

hence only qualitative conclusions could be drawn from this analysis.  

 

 

Table 5.1 Off stoichiometry compositions used to study second phase precipitation in YAG 
ceramic 

 
 

Sample Off stoichiometry composition 

1 1% Alumina rich sample 

2 <<1% slightly Yttria rich sample 

3 1% Yttria rich sample 
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Figure 5.8 Precipitates are present on the surface of the yttria rich sample (sample 3). Most 
of the precipitation occurs along grain boundaries and at triple points.  Some precipitates 

can be seen within the body of the grains 
 

 

Other features seen on the surface of sample 3 are round formations where material 

is missing in the center and precipitation occurred in a circular pattern around it (Figure 

5.10 (a). EDS analysis indicated that the second phases had a very high concentration in Si 

(Figure 5.10 (b)). These formations are not likely the result of the deviation from 

stoichiometry since they have been observed on a number of samples with varying initial 

compositions. The common factor in all these different specimens was the use of SiO2 as 

the sintering aid.  
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Figure 5.9 (a) EDS spectrum as taken from one of the precipitates seen in Fig. 5.8. The 
peak marked with * corresponds to Au which was used to prevent charging of the sample 

surface in the Scanning Electron Microscope. (b) EDS spectrum taken from the YAG 
matrix of the Yttria rich sample (sample 3). Again * marks the position of the Au peak 

 

An example of this circular formation on a specimen with different initial 

composition than sample 3 can be seen in Figure 5.11 (a). TEOS was used in this case as 

the sintering aid. The surface of the specimen was studied after the sample was sintered and 

subsequently annealed at 1400 oC for 6 hours. The similarity of this formation to the 

circular ones seen on the surface of sample 3 (Figure 5.10) is apparent. The only difference 

between the two formations is that for the precipitation seen in the micrograph of Figure 

5.11 a second phase was present in the center. Electron Dispersive Spectra collected from 

this central region showed high concentration in Si. Upon further annealing for 1 hour at 

1550 oC the center of the formation was completely depleted of the second phase and 

precipitation was present at larger distances from the center (Figure 5.11(b)). The wetting 

of the ceramic free surface by this second phase, the high concentration of Si and the lack 

of a strong crystalline facet structure suggests its amorphous nature. Orientation Imaging 

Microscopy was carried out on these samples and no clear diffraction could be achieved 

*
*

(a) (b) 
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from these features. While this result is not unequivocal proof of the phase being 

amorphous, when coupled with the known chemistry it does suggest it is a glass phase, 

rather than a crystalline structure. This area is probably the result of insufficient mixing of 

the sintering aids in the initial nanopowders which results in their accumulation in one area. 

During sintering a liquid phase forms which, upon cooling to room temperature, solidifies 

and wets the ceramic surface. Post sintering annealing at high temperatures (> 1400 oC) 

causes remelting of the silicate phase, which then moves along the grain boundaries. The 

mass transport along the YAG interfaces can be attributed to capillary forces that act as a 

result of surface tension. Upon cooling to room temperature the silicate phase solidifies 

forming the precipitates seen at the grain boundaries. Whether the second phase will 

completely wet the grain boundary or will mainly appear at triple junctions depends on the 

solid YAG-solid YAG and solid YAG- liquid phase surface energies [19]. Even if 

complete wetting at high temperatures occurs, slow cooling to room temperature will cause 

partial dewetting [19]. Although Transmission Electron Microscopy which can discern the 

presence of very thin films along the grain boundaries hasn't been used, SEM micrographs 

taken from the periphery of round formations at higher magnifications (Figures 5.7 and 

5.12) show that a considerable amount of the silicate phase appears at the interfaces 

between YAG grains and it hasn't completely retracted at triple junctions.  

To further prove that the glass phase is very mobile and readily diffuses along grain 

boundaries at temperatures typically used for post sintering annealing of YAG ceramics, an 

experiment was conducted. A fused sample (pure SiO2) was placed on a piece of 

polycrystalline YAG that did not contain silica additives (Figure 5.13). The two pieces 
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were placed in the furnace and were heat treated at 1400 oC for 6 hours. Since no glass was 

present in the ceramic prior to the heat treatment, any silicate phase detected at the grain 

boundaries of the specimen after annealing would have originated from the quartz piece. 

After the thermal treatment a cross section of the specimen was prepared by mechanically 

polishing down to 1 μm diamond lapping film. The cross section was investigated in the 

SEM and it was found that the quartz had indeed diffused along the grain boundaries 

forming an intergranular film (Figure 5.14). Compositional maps obtained by EDS 

confirmed that grain boundaries were wetted by the quartz and that the amorphous phase 

had penetrated at a considerable depth inside the ceramic (Figures 5.15 and 5.16). In Figure 

5.17 the similarity between the Si compositional map obtained from the cross section of the 

YAG sample with the quartz piece on top and the same map corresponding to the surface 

of a YAG ceramic, where silica has been used as a sintering aid, is apparent.  

 

Figure 5.10 (a) Example of a round formation as observed on the surface of a sample after     
sintering and thermal annealing were complete (b) High concentration in Si is detected 

using EDS 

(a) (b) 
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Figure 5.11 (a) Surface of a YAG sample after processing is complete (sintering and 
annealing at 1400 oC for 6 hours).  The dark area in the center of the micrograph is a 

second phase rich in Si. Precipitation is present around this second phase area. (b) Further 
annealing at 1550 oC for 1 hr completely depletes the center from the second phase. 

Precipitation is now present at a larger distance from the center of the formation indicative 
of a diffusive process 

 
 
 

 

 

 

 

 

 

 

Figure 5.12 The silicate phase appears at the interfaces between the YAG grains 

(a) (b) 
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Figure 5.13 A schematic view of the specimen used to study the penetration of glass in 
ceramic YAG. Quartz was placed on the surface of the ceramic (a) and annealing at 1400 

oC for 6 h followed. After the thermal treatment the presence of glass along grain 
boundaries was evident (b) 

 

 

 

 

 

 

 

 

Figure 5.14 Cross section of the specimen described in Figure 5.13. The darker contrast 
areas along the grain boundaries are the glass phase. 
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Figure 5.15 (a) Area of the specimen shown in Figure 5.13 where the penetration of glass 
along the grain boundaries can be seen as a darker contrast area. (b) Si compositional map 

of the area shown in (a) verifying the presence of quartz along the grain boundaries 
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Figure 5.16 Compositional maps for Si (b), Al (c), O (d) and Y (e) from the area of the 

specimen shown in (a) (SEM micrograph) acquired using EDS 
 
 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.17 (a) and (c) silicate second phase along the grain boundaries for the specimen 
with the quartz piece on top after annealing at 1400 oC. (b) and (d) surface of a ceramic 
YAG specimen where silica was used as a sintering aid. The appearance of the Si rich 

second phase at the grain boundaries in (d) is very similar to that in (c) 
 

c d 

Y 

e 

a b 
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5.4.3 Evolution of microstructure with time 

It is apparent that there are two instances when second phases appear in ceramic 

YAG. The first is when there is a deviation from YAG stoichiometry where the 

composition of the starting powders lays either within the Yttria or the Alumina rich area of 

the phase diagram and the second is when SiO2 is used as a sintering aid. For some of the 

samples used in this study both these conditions were present.  In this section the evolution 

of the second phase precipitates as a function of temperature and time used for the post-

sintering annealing process was investigated.  

In order to carry out this study a YAG specimen with Y2O3 – excess was chosen. 

Pieces were cut from the sample and each one was subjected to a different heat treatment. 

The first samples taken from the as sintered disc were annealed at 1400 oC, which is a 

typical temperature used during YAG processing, for 2.5, 6, 36 and 216 h. Representative 

micrographs from the sample surface after each cycle can be seen in Figure 5.18. Even 

after 2.5 h precipitates can be seen on the sample surface although their size makes the 

quantitative elemental identification using EDS analysis impossible. These micrographs 

show that as the precipitate size increases with time their number decreases [20]. 

At 36 h the precipitates were large enough that a semi-quantitative analysis was 

possible. EDS didn't detect Si in the second phases however a difference in the relative 

concentrations of Al, Y and O between the precipitates and the matrix was found. This 

qualitative analysis showed that the concentration of Y in the matrix was higher than the 

corresponding concentration at the sites of precipitate formation. X-ray diffraction was 

chosen to investigate the nature of the precipitation and help determine whether the  
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Figure 5.18 Evolution of precipitation with time for post sintering annealing of the yttria 
rich sample at a temperature of 1400 oC (a) 2.5hrs, (b) 6hrs, (c) 36hrs and (d) 216 hrs 
 

precipitates are crystalline or amorphous. The X-ray diffraction pattern was collected from 

the sample annealed for 216 h and is shown in Figure 5.19. In addition to peaks 

corresponding to the YAG phase, which is the dominant contributor to the pattern, a few 

low intensity peaks were also present. These peaks were identified as Al2Y4O9 (YAM) 

peaks by comparing them to the available pdf cards. In Table 5.2 the measured d-spacings 

are compared to the theoretical d-spacings for the two phases. The above results are 

(a) (b) 

(c) (d) 



 105

consistent with an yttria rich YAG matrix. Annealing of the samples at 1400 oC allows the 

precipitation of the yttria rich second phase (YAM) from the saturated matrix. An average 

precipitate size was measured for all annealing times by using 10 fields of view in each 

case. Plotting the precipitate size as a function of post sintering annealing time at 1400 oC 

(Figure 5.20) and fitting the data points reveals a square root type of dependency. The 

parabolic kinetics for precipitate growth indicates a diffusion controlled process. 

EDS revealed the presence of Si in precipitates after 216 h of annealing at 1400 oC 

(Figure 5.21). This indicates that the Si impurity from the sintering aid can dissolve in the 

YAM phase. Similar results have been reported in [21] where 2% Y2O3-excess YAG 

specimens were studied. In that case YAP containing Si was found at intragranular sites 

while no Si segregation was detected at the grain boundaries. It was assumed that the 

second phase precipitated during sintering and that the YAP particles attracted the Si from 

the grain boundaries effectively cleaning them. Since the YAP precipitates were found in 

the body of the grains it was assumed that they formed at the initial grain boundaries before 

grain growth occurred. In a similar manner Al2O3 particles in Y2O3/Yb2O3 stabilized 

zirconia reportedly attracted SiO2 removing it from the grain boundaries [22].  For the 

specimen studied here no Si was detected after 36 h of post sintering annealing indicating 

that the incorporation of Si in the YAM phase was not done during the sintering process or 

that the Si concentration was not in appreciable amounts for EDS detection. However with 

increasing annealing time the amount of Si present in the precipitates increased to 

detectable amounts indicating that Si diffusion did occur. The temperature of 1400 oC used 

for the annealing process is close to the temperature of 1660 K (1387 oC) where it is 
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reported that liquid phases appear for the Al2O3/Y2O3/Nd2O3/SiO2 system [15] making the 

presence of a liquid phase along the grain boundaries probable. The liquid phase would 

enhance the mass transport and allow the diffusion of Si to the YAM phase. If this is the 

mechanism by which Si is removed from the grain and incorporated in the YAM 

precipitates, it is expected that the properties of the grain boundaries would change with 

increasing annealing time. An indirect verification of this change was offered by studying  

the fracture surfaces of the specimens.     
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Figure 5.19 X-ray diffraction pattern of the YAG sample annealed at 1400 oC for 216hrs 
after sintering. The peaks marked with (●) correspond to YAG whereas those marked with 

(■) correspond to YAM. Only part of the collected pattern is shown for clarity 
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Table 5.2 Phase identification using the X-ray diffraction pattern shown in Figure 5.19 

dobs dtheor phase 
7.6518 7.4390 YAM 
4.9149 4.7084 YAM 
4.8706 4.8990 YAG 
4.2312 4.2426 YAG 
3.2021 3.2071 YAG 
3.0740 3.0180 YAM 
2.9952 3.0000 YAG 
2.6796 2.6833 YAG 
2.4441 2.4495 YAG 
2.3479 2.3534 YAG 
2.1871 2.1909 YAG 

 

 

 

 
 
 
 
 

 
 
 
 
 
 
 

 
 
 

Figure 5.20 Particle size as a function of time for sample 4 annealed at 1400 oC. The data 
show a parabolic dependency described by an equation of the form d=a*tb, where 

a=0.27578 and b=0.45205. 
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Figure 5.21 (a) EDS shows that after annealing for 216 h the precipitates shown in (b) are 

Si rich 
  

Fracture surfaces were obtained from all the samples annealed at 1400 oC post 

sintering. This was done by introducing a small notch on the surface of each specimen 

using the preloading function of a Rockwell hardness tester followed by the application of 

a larger load which resulted in fracture. The fracture surfaces that were obtained from each 

specimen, showed a change of the fracture mode from mainly intergranular (Fig. 5.22 (a)) 

at small annealing times to mainly transgranular (Fig. 5.22 (b)) at the longest annealing 

time. Hence as the annealing time increased the grain boundaries became stronger. The 

presence of a glassy phase along the grain boundaries could definitely weaken them, so this 

observation suggests the removal of the silicate phase with annealing time. This would 

agree with the assumption that Si is incorporated in the YAM precipitates with time.  The 

YAG specimens with the best lasing properties, where grain boundaries are assumed free 

of intergranular second phases, show exclusively transgranular fracture further 

emphasizing the correlation between the absence of second phases and the increased 

strength of the grain boundaries.                                                                                                      

(a) (b) 
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In order to examine whether different processing conditions affect the precipitation 

behavior of samples with the same composition a second temperature was chosen for the 

post sintering annealing. Specimens taken from the same Yttria rich sample as above were 

annealed at 1250 oC. A representative micrograph of the surface after 36 hours is shown in 

Figure 5.23. Comparison of this micrograph to the one presented in Figure 5.18 (c) (same 

annealing time but different temperature) reveals significant differences. The precipitates in 

this case are larger in size and have irregular boundaries in contrast to the faceted 

boundaries seen after heat treating the samples at 1400 oC. These differences indicate the 

different nature of the precipitates. WDS was used to determine the wt% composition of 

areas marked A (precipitate) and B (matrix) in Figure 5.24 (a). The corresponding values 

can be seen in Table 5.3. Carbon is detected because it is used to coat the surface of the 

sample in order to prevent electron charging on the surface.  These results show that the 

second phase contains a high percentage of Si whereas no Si was detected in the matrix.  

Once the quantitative analysis of the specimen annealed at 1250 oC was complete 

100 μm of material were cut off the sample surface. The material was removed using an Ar 

plasma cutter and the cut was done parallel to the sample surface. This allowed an 

investigation of whether the extensive surface precipitation could also be seen in the bulk 

of the ceramic. From the micrograph shown in Figure 5.24 (b) it is apparent that the 

presence of second phases is extremely limited, only appearing at a few triple junctions. 

This finding in conjunction with the Si rich composition of the precipitates leads to the 

conclusion that what is seen on the sample surface is intergranular glass, remnant of the 

liquid phase sintering, that is expelled to the surface during annealing. If the second phase 
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was YAM, as was the case for the samples annealed at 1400 oC, precipitation would be 

present throughout the specimen and not only on the surface.  

 According to the literature when liquid phase sintering is used post sintering 

processes can either cause crystallization of the glassy film present at the boundary [23, 24] 

or expulsion of the glass to the surface [25-27]. The expulsion of glass depends on the 

surface energies of the grain boundaries and the free surface. If it is energetically favorable 

for the liquid to wet the free surface then the glassy film will be expelled to the surface. 

Upon cooling from the annealing temperature the glass wetting the free surface will form 

droplets. The expansion of the glassy phase with heating could also be responsible for the 

mass transfer to the free surface. However it has been shown in [27] that when Alumina 

bicrystals of different orientations were used there were instances where the second phase 

appeared on only one of the two free surfaces, pointing to differences in surface energy and 

not volume expansion as the driving force for the expulsion.  

The results for the two different annealing temperatures used for the post sintering 

processing show that at 1400 oC precipitation of an Yttria rich crystalline phase is possible 

whereas at 1250 oC silicates are expelled to the free surface. 
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Figure 5.22 (a) Sample 4 at 2.5 h of post sintering annealing shows intergranular fracture. 
(b) The same YAG sample at 216 h of post sintering annealing, shows transgranular 

fracture.  
 
 

 

 

Figure 5.23 (a) and (b) Precipitation seen on the surface of the yttria rich sample after 
annealing at 1250 oC for 36 h. Differences in the size and appearance of these precipitates 
can be seen when they are compared to the ones that formed after annealing of the same 

sample at 1400 oC 
 

 

 

(a) (b) 

(a) (b) 
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Figure 5.24 (a) Electron backscatter image of the yttria rich sample annealed at 1250 oC 
for 36hrs. The composition of the areas marked A (precipitate) and B (matrix) were 

determined using WDS and are presented in Table (b) Appearance of the sample after 100 
μm of material was removed using an Ar plasma cutter. The large amounts of precipitates 
seen on the surface are no longer present. Only very few areas of the second phase can be 

seen mainly at triple junctions between grains (white colored in the image 
 

 
 

Table 5.3 wt% compositions of the areas marked A and B in Figure 5.24 (a) 

 

 

 

\ 

 

 

 

 

 

 A (precipitate) wt% B (matrix) wt% 

C 7.209 8.125 
O 30.280 31.329 
Al 17.053 23.308 
Si 4.474 - 
Y 38.790 35.663 
Nd 2.195 1.575 

(a) (b) 
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5.4.4 Mechanical properties of second phases 

Nanoindentation was also used to study the mechanical properties of second phases 

in YAG ceramics. For the ceramic used in this section, Si rich areas were present on the 

sample surface after the sintering process (Figure 5.25 (a)). After annealing of the sample 

at 1300 oC for 6 and 36 hours no evolution of these areas was observed (Figure 5.25 (b)). 

The absence of strong crystalline facets and the Si rich composition of these second phases 

(Figure 5.26) pointed to their amorphous nature. Nanoindentation data were collected from 

both the YAG matrix and the second phase regions and the corresponding load 

displacement curves can be seen in Figure 5.27. In Table 5.4 the hardness and modulus of 

the YAG matrix and the second phases are presented. The second phases appear more 

compliant than the crystalline YAG which agrees with the assumption of their amorphous 

nature.  

 

Figure 5.25 (a) The white contrast areas seen on the ceramic surface after sintering are Si 
rich (b) Second phases on the surface of the annealed sample. 

(a) (b) 
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Figure 5.26 EDS compositional maps reveal that the second phases are Si rich 
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Figure 5.27 Comparison of the load displacement curves taken from the second phase 
areas (marked a) and the YAG matrix (marked b)  
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Table 5.4 Hardness and Elastic modulus of the YAG matrix and the second phases 
 

 

5.5  Conclusions 

This study has shown the importance of stoichiometry in the resulting 

microstructure. Small deviations in the concentrations of the initial powders used for the 

reactive sintering can cause large changes in the precipitation behavior and hence the 

performance of the ceramic as an active medium in a laser. Glassy phases in the samples 

were attributed to the use of sintering aids and were mainly located close to the free 

surface. Crystalline precipitates, on the other hand, were a result of the deviation from the 

YAG stoichiometry and formed throughout the volume of the samples. For samples where 

crystalline precipitates formed, longer post sintering annealing times increased their sizes 

with the growth following a square root type of dependency indicating that the process is 

diffusion controlled. Also in these cases longer annealing times seemed to mechanically 

strengthen the grain boundaries by possibly removing the thin glassy films from the 

interfaces. The precipitation behavior also showed a dependency on the processing 

temperatures used after sintering, with the same sample having a different microstructure 

after annealing at two distinct temperatures. The basic conclusion of this study is that the 

formation of second phases and precipitates which significantly affect the lasing 

 Reduced Young Modulus 
(GPa) 

Hardness (GPa) 

Second phase 200 GPA 17.23 GPA 
Second phase 195 GPA  17.23 GPA 
YAG matrix 376 GPA 71.36 GPA 
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performance of the ceramics can be minimized by staying on stoichiometry and reducing 

the amount of sintering aids, namely silica, which are added to the initial powders. 
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6 Chapter Six: Conclusions and Recommendations for 

ceramic YAG crystals  

This study has shown the importance of stoichiometry in the resulting 

microstructure. Small deviations in the concentrations of the initial nanopowders used for 

the reactive sintering can cause large changes in the precipitation behavior and hence the 

performance of the ceramic as an active medium in a laser. Glassy phases in the samples 

were attributed to the use of sintering aids and were mainly located close to the free 

surface. Crystalline precipitates on the other hand where a result of the deviation from the 

YAG stoichiometry and formed throughout the volume of the samples. For samples where 

crystalline precipitates formed, longer post sintering annealing times increased their sizes 

with the growth following a square root type of dependency indicating that the process is 

diffusion controlled. Also in these cases longer annealing times seemed to strengthen the 

grain boundaries by possibly removing the thin glassy films from the interfaces. The 

precipitation behavior also showed a dependency on the processing temperatures used after 

sintering, with the same sample having a different microstructure after annealing at two 

distinct temperatures. The basic conclusion of this investigation is that the formation of 

second phases and precipitates, which significantly affect the lasing performance of the 

ceramics, can be minimized by staying on stoichiometry and reducing the amount of 

sintering aids, namely silica, which are added to the initial powders. 
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KNbO3 single crystals are often utilized for their piezoelectric and optical properties. In this
study the domain configurations in as-grown single crystals were investigated using
reflected light microscopy, scanning electron microscopy and atomic force microscopy.
Using atomic forcemicroscopy it was possible to image the distortion induced on the crystal
surface by the domain walls and to quantify the predicted angle between (001)pc planes
across thesewalls for the cases of both 90° domainwalls and Swalls. These features can also
be imaged using the other two techniques. This direct measurement of surface distortion
verifies the geometrical model of domain structures, and suggests that any possible strain
energy considerations are minor in predicting the surface topography in the material after
phase changes from the growth temperature.
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1. Introduction

The properties of potassium niobate KNbO3 make this
ferroelectric crystal a very attractive material for nonlinear
optical and electro-optical devices [1]. When KNbO3 crystals
are cooled from high temperatures to room temperature
during crystal growth, they undergo the following phase
transformations: from cubic (Pm3m) to tetragonal (P4mm2)
at a temperature of 438 °C and from tetragonal to orthorhom-
bic (Bmm2) at a temperature of 234 °C [2]. At the cubic-to-
tetragonal transition the atoms are displaced from their initial
positions in the cubic cell, generating a spontaneous polari-
zation along one of the cube edges [3]. When the temperature
is further lowered the second transition (to the orthorhombic
structure) occurs and again the atoms in the unit cell are
displaced. This displacement causes a change in the sponta-
neous polarization, which will now lie along one of the face
diagonals of the original cube [4]. Since there are a number of
possible directions for the spontaneous polarization, different
domains appear in the crystal. The existence of these domains
affects the quality of the grown crystals and their removal, by
a poling process, is necessary if the crystal is to be used for
fax: +1 509 335 4662.
.

er Inc. All rights reserved
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optical applications [5]. On the other hand, the piezoelectric
properties of the crystals can be improved by the presence of
domains [6]. In either case, the domain configurations
influence the properties of the material; therefore the
investigation of these domains is necessary for a better
understanding of the material's performance.

The low temperature orthorhombic unit cell of KNbO3 can
be described as a distortion of the cubic cell and commonly the
directions and planes in the orthorhombic phase refer to
the axes of the original cube [4,5]. In the orthorhombic phase
the polarization vector lies along one of the face diagonals of
the original cube so a number of domains can exist with the
angles between polarization vectors of adjacent domains
being 60°, 90°, 120° and 180° [5]. The boundaries between
adjacent domains are called domain walls and their possible
orientations have been determined theoretically by taking
into account the condition for mechanical compatibility
between adjacent domains [5,7]. The domains can be
described as twinned areas in the crystal with the domain
walls being the twinning planes. For the case of 90° domains
the domain walls are oriented parallel to the {001}pc planes,
whereas in the case of 60° domains their orientation is parallel
.
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Fig. 2 –Domain configurations observed with ordinary light,
including the S wall structures which run diagonally across
this image (noted with arrows). This sample was not
mechanically polished.
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to the {110}pc planes [4]. The subscript pc indicates that the
orientations refer to the original (prior) cubic cell. In addition to
these commonly observed walls an S wall can appear [5,7]. S
walls can form in the case of 60° and 120° domains instead of
{110}pc walls. Among the reported indices for S walls are
(1,1,0.31)pc (1,–1,0.31)pc and (1,–0.3,1)pc (1,0.3,1)pc [5,7], respective-
ly. S walls appear in configurations that involve two types of 90°
domainswithpolarizationvectors lying inperpendicularplanes.

Deshmukh and Ingle [4] have studied surface deformations
in KNbO3 on the pseudocubic (001) planes, which are caused
by the domain structures, using interferometry, in the same
manner that Bhide and Bapat had done previously for single
crystals of barium titanate (BaTiO3) [8]. These surface distor-
tions are generated by the lattice matching of the adjacent
domains. In the case of 90° domains they measured an angle
of approximately 0.5° between pseudocubic (001) planes
across the domain wall, which was in agreement with the
theoretically calculated value. For the case of 60° domains this
angle was found to be approximately 0.95°, also in agreement
with that calculated from the lattice parameters. For complex
domain structures, involving 60° domain walls, this value was
found to be twice the 0.95° value. Wiessendanger [7] has
reported an angle of 0.97° between (001)pc planes of adjacent
domains across S walls. However, with any optical technique
in KNbO3 the possible differences in refractive index suggest it
is prudent to compare the inferred to direct measurements
when possible.

In this paper the domains present in the stable room
temperature orthorhombic phase of potassium niobate were
investigated using three complementary characterization
techniques: optical microscopy, scanning electronmicroscopy
and atomic force microscopy. Using the atomic force micro-
scope we were able to measure the values of the angles
between surfaces of adjacent domains which were found to be
in agreementwith the theoretical values aswell aswith values
measured using interferometric techniques.
2. Experimental Details

The three samples that were investigated were cut from a
commercially acquired KNbO3 single crystal in such a way
Fig. 1 –Domain configurations on a mechanically polished
KNbO3 sample viewed under ordinary light.
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that their surfaces were parallel to the pseudocubic (001)
planes. The surface of one of the three samples was
mechanically ground with SiC papers and polished with
alumina and finally polished to a 50 nm finish with colloidal
silica, while the surfaces of the two other samples were not
further treated.

Characterization of the samples used three primary
techniques. First, optical microscopy was carried out using
an Olympus MG optical microscope. Scanning electron
microscopy micrographs were acquired by a Sirion Field
Emission Scanning Electron Microscope (FEI Corp.) using
secondary electron imaging. Attempts at using orientation
imaging microscopy were not successful because of the
extremely small (b1°) orientation differences at the domain
boundaries. The surface topography was investigated using
atomic force microscopy with a Park Autoprobe CP scanning
probe microscope. The scans were performed at room
temperature and the contact mode was used with a NP-S tip.
3. Experimental Results and Discussion

All types of domain walls can be observed optically, with the
exception of 180° domain walls, because there is a change of
refractive index at the walls [5]. Figs. 1 and 2 show micro-
graphs obtained using a light microscope, where complex
domain configurations can be observed. The micrograph in
Fig. 1 shows the surface of the mechanically polished sample,
whereas that in Fig. 2 shows part of the surface of an
unpolished sample. In Fig. 2, S walls can be seen running
diagonally on the surface of the sample.

The sample whose surface was mechanically polished was
also examined using SEM. This allowed the observation of
domain configurations with a higher resolution than that
achieved with the light microscope. The micrograph in Fig. 3
shows a complex domain configuration, whereas in Fig. 4 a
domain configuration that involves 90° domain walls and S
walls can be seen. Even after mechanical polishing, the
topographical features on the surface can be clearly identified.
With optical microscopy it is possible to resolve the domains



Fig. 3 –Complex domain patterns on the surface of a
mechanically polished sample observed with the SEM.

Fig. 5 – (A) Topography of 90° domains. (B) Cross sectional
profile along the line marked in (A).
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due to differences in refractive index, but this is not a viable
contrast mechanism for SEM. Therefore it is clear that, even
after polishing, the single crystal surfaces are deformed either
to relieve elastic strain via surface topography changes, or that
the domain structures polish at a different rate, and that
surface topographymay play a role in the structure of finished
optical devices.

Because the topography is obviously influenced by the
domain structure, quantifying this would aid in further
characterization. Atomic force microscopy can be used to
study the surface morphology of materials with high topo-
graphical resolution. It has been reported that the appearance
of domains causes distortions on the as-grown surfaces of
potassiumniobate [4]. Atomic forcemicroscopy has been used
to investigate surface distortions caused by the presence of
domain configurations in other ferroelectric materials like
BaTiO3 and PbTiO3 [9–12]. For this investigation the samples
with the as-grown surface that did not undergo any mechan-
ical treatment were used to examine the topography induced
on the pseudocubic (001) planes after the phase transforma-
tions and the resultant generation of ferroelectric domains.
Surface distortions and topography were present on the
polished sample, but the exact topographic features were
less distinct, and therefore for this paper we present only the
Fig. 4 –Scanning electron microscopy micrograph of a
mechanically polished sample, showing both 90° domains
and the S wall structures (S walls are denoted with arrows).
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quantified angles on the as-grown surfaces. Other researchers
have noted similar surface distortions after etching lead
titanate crystals, where the cross-sectional profiles exhibit
rounded areas [10]. Therefore, polishing with colloidal silica
clearly alters but does not remove the original surface
topography of the sample.

Fig. 5(A) is an atomic force microscopy image that shows
the topography of an area where parallel stripes of 90°
domains appear. The cross sectional profile along the line
drawn in Fig. 5(A) reveals a zig-zag surface distortion (Fig. 5(B)),
with an average angle, θ, of 0.53° between the planes of
adjacent domains. This correlates well with the theoretically
calculated value of 0.5° as well as the angle measured by
Deshmukh and Ingle [4]. It should be noted here that the
angles between planes of adjacent domains appear exagger-
ated in the cross-sectional profiles due to the different scales
used for the horizontal and perpendicular axes.
Fig. 6 –Simple arrangement involving S walls.



Fig. 7 –Domain configuration involving regularly spaced S
walls.
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Two distinct configurations involving S walls were ob-
served in the as-grown crystals. The first was a simple
arrangement involving S walls, as the one shown in Fig. 6.
The second configuration involved regularly space S walls as
seen in Fig. 7.

Fig. 8 shows an atomic forcemicroscopy image obtained by
scanning a smaller portion of the area presented in Fig. 7. The
90° domains involved in this configuration can have their
polarization vectors lying either on the (001)pc plane, which is
the plane of observation, or on the (100)pc plane, which is
perpendicular to the plane of observation. Both sets of 90°
Fig. 8 –Atomic force microscopy image where S walls and 90°
domains can be seen on the (001)pc plane (plane of
observation). The zig-zag lines are the projection of S walls
on the (001)pc plane. The areas situated between these
zig-zag lines are the 90° domains. The lines parallel to the
[100]pc direction are the projection of 90° domainwalls, which
are parallel to the (010)pc planes, on the plane of observation.
For both types of 90° domains, polarization vectors of
adjacent domains are at right angles. The ↕ symbol denotes
the 90° domains for which these vectors lie on the (100)pc
planes, whereas the ↔ symbol denotes the 90° domains for
which the polarization vectors lie on the (001)pc planes. For
the latter case no distortion is generated on the surface and
hence these areas show no topography.
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domains share essentially the same 90° domain walls, which
are parallel to the (010)pc planes. However, in the first case no
surface distortion is observed across the domain walls, since
the plane of observation is the shear plane [4], whereas a
surface distortion is observed for the latter case. Two adjacent
90° domains that belong to different sets have their polariza-
tion vectors lying in perpendicular planes and the angle
between these vectors is 60°. S walls are the boundaries
between these domains and appear as zig-zag lines on the
plane of observation.

In Fig. 9(A) the topography of the area containing regularly
spaced S walls is presented. The cross sectional profile along
line A, shown in Fig. 9(B), reveals the zig-zag surface distortion
across S walls. Similarly, in Fig. 9(C) the cross sectional profile
along line C, reveals the zig-zag surface distortion caused by
the 90° domains, with polarization vectors lying on the (100)pc
plane which is perpendicular to the plane of observation. By
measuring the angle θ between (001)pc planes of adjacent
domains across S walls, an average angle of 0.933° was found,
in very good agreement with the theoretical value of 0.95° and
the value of 0.97° previously reported [4,7]. The average angle
between the (001)pc planes across 90° walls, for this configu-
ration, was 0.516°, again in very good agreement with the
Fig. 9 – (A) Topography of an area containing regularly spaced
S walls. (B) Cross sectional profile along line A. (C) Cross
sectional profile along line C.
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theoretical value of 0.5° and values previously measured [4].
The domain thicknesses in all the above cases were on the
order of 10−6 m, in accordance with previously reported values
for 60° and 90° domains [13,14].

The previous predictions [4] of domain structures are based
solely on geometric analysis, and ignore the contribution of
strainenergywhichmayoccurduringpolarization.Basedonthe
similarity between the precise atomic force microscopy mea-
surements of domainstructures and the theoretical predictions,
it appears that strain energy due to domain formation provides
a minimal contribution to the resulting structures.
4. Conclusions

In this study the domain configurations that appear in KNbO3

were investigated with three complementary characterization
techniques: reflective optical microscopy, atomic force mi-
croscopy, and scanning electronmicroscopy. All three are able
to distinguish domain structures, and can be used in both as-
grown samples as well as for materials which have been
subsequently processed using mechanical polishing. The
domain features persist after polishing through a 50 nm
colloidal silica finish. Using atomic force microscopy the
angles between (001)pc planes across domain walls were
measured. The angles found for the cases of 90° walls and S
walls were in good accordance with the theoretical values,
which have been calculated using geometrical considerations
ignoring the contribution of strain energy to the final domain
configurations. Based on the similarity between the precise
atomic force microscopy measurements of domain structures
and the theoretical predictions, it appears that strain energy
due to domain formation provides a minimal contribution to
the resulting structures.

The use of complementary techniques allows for flexibility
for characterizing domain densities in this material with
subsequent processing or device fabrication.
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Fluidized bed technology is being implemented commercially to produce polycrystalline silicon that is

used as a precursor for silicon ingot growth for the photovoltaic industry. The fluidized bed reactor

polysilicon grown via a fluidized bed. In the as-grown state the granules produced by the fluidized bed

reactor consist of equiaxed grains that are approximately 30 nm in diameter. Annealing at temperatures

above 1000 1C causes significant grain growth to occur resulting in grains up to 300 nm. The hardness of

the granular material was 10% less than that of single crystal silicon, which can be attributed to grain

boundary sliding. Understanding the effect of annealing on microstructure, grain growth, and

mechanical properties of the granules is critical for establishing appropriate techniques for handling

the material.

& 2009 Elsevier B.V. All rights reserved.
1. Introduction

Polycrystalline silicon is the base material used in the
production of single crystal silicon for the semiconductor industry
and for the rapidly growing photovoltaic (PV) market. The most
common source of polycrystalline silicon (polysilicon) has
traditionally been via chemical vapor deposition (CVD) in Sie-
mens-style reactors [1], in which silane or trichlorosilane is
decomposed on the surface of a seed rod in which the surface
temperature is controlled by internal resistance heating of the rod.
This technique requires expensive capital equipment, may have
high operating costs, often produces low silicon yield (up to 60%
from the gas in theory, but only 15–30% in practice), and generates
the release of highly corrosive hydrogen chloride, further adding
to capital expense [1].

The rapid increase in demand for silicon for PV use has
surpassed the demand in the microelectronic industry in recent
years and has stimulated the need for a more cost-effective
method to produce larger quantities of polysilicon [2,3]. One
method that is gaining popularity is the fluidized bed reactor
(FBR) that produces silicon in the form of granules instead of
the traditional rods. The purity level of the granular material may
be lower than that grown by the Siemens process, but this appears
ll rights reserved.
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to be acceptable for the PV market. Fluidized bed technology
for silicon production has been noted experimentally since the
1980s, but has not been commercially utilized until much more
recently.

Fluidized bed reactors produce granular silicon by pyrolytic
decomposition of silane-containing gases. The process has been
described in detail elsewhere e.g., [2,3] and begins with silicon
seed particles ranging from 100 to 2000mm in diameter [1,4] that
are fluidized with a carrier gas such as hydrogen. An important
and significant aspect of the FBR is the lower temperature range
that is used to produce silicon. Gas decomposition can be
achieved at temperatures as low as 600 1C, as opposed to
temperatures of up to 1200 1C that are used in the Siemens
process [5]. Once a certain size range is achieved within the
reactor, the granules fall to the bottom, where they are collected,
without disrupting the growth of the rest of the material. The
advantages of the FBR are the lower energy requirements and,
because it is a continuous process with the ability to recycle the
feed gasses, very high yields are possible.

Due to the increase in use of FBRs, a better understanding of
the granule growth mechanisms and the microstructure and
properties of the resulting material is required. These data are
available in the literature for bulk polysilicon and thin films [6–8],
but there is currently no available information on the micro-
structure, properties, and subsequent grain growth mechanisms
of silicon granules fabricated in the FBR.
7
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In this current study, granules grown in the FBR from REC
Silicon have been analyzed to determine the structure and
morphology of the silicon product. Optical and electron micro-
scopy, X-ray diffraction, and nanoindentation were used to
determine grain size, structure, and mechanical properties,
respectively. Samples were also annealed at temperatures ranging
from 800 to 1100 1C to determine the effect of post growth heat
treatment on microstructure and mechanical properties of the
granules.
Fig. 1. Optical micrograph of etched silicon granule.
2. Experimental procedure

The fluidized bed apparatus, as previously described in the
literature, consists of a cylindrical reactor constructed of stainless
steel with an inner diameter approximately 13 cm and a height of
approximately 160 cm. An expansion zone located at the top of the
reactor is roughly twice the diameter of the lower half and is used
to allow the particles to drop back into the bed [2,9]. The chamber
is heated with an external heater to a temperature between 650
and 750 1C; the temperature varies along the column height. Gas
inlets are located at the bottom of the reactor and the flow of
process gasses, hydrogen and silane, is controlled by controlling
the inlet mass flow conditions. The gasses are pre-heated to a
temperature below silane pyrolysis before being injected into the
reactor [2]. Sub-mm seed particles of silicon to act as nucleation
sites are added to the reactor during the growth process. Silane
concentrations of the feed gas between 10% and 60% by volume
(with the balance H2) have been tested [9]; the samples used in
this current study are from intermediate silane concentrations in
this range. Additionally, the concentration profile of silane most
likely changes in the reactor as a function of column height as
silicon is deposited and hydrogen is released. The reactor is kept
fluidized by the use of multilayer screens. A mesh screen is
supported by a thin stainless steel plate punctured with 0.5 mm
holes [9]. Fine particles are collected at the top of the reactor by
passing through filters and cyclones, and the feed gas can be
recycled in the process. Granular material is grown from the seed
material for approximately one day in the reactor before reaching
the predetermined size of particles used in this current study.

Specimens of granular polysilicon collected from REC Silicon
were prepared for optical microscopy by conventional metallo-
graphic grinding and polishing. The polished samples were etched
with an isotropic ‘‘HNA’’ solution composed of 8% hydrofluoric
acid, 25% nitric acid, and 67% acetic acid by volume. Samples were
etched with a cotton swab for roughly 1 min until the surface
darkened slightly and the macrostructure became apparent, and
then rinsed with deionized water. Optical images were captured
and measurements of the macrostructural features were recorded.
Unlike bulk polycrystalline material grown via the Siemens
process, the etchant does not reveal the fine sub-mm grain
structure; therefore X-ray diffraction was used on powdered
granules to determine the average grain size using the Hall–
Williamson equation [10]

B cos y ¼
kl
D
þ Z sin y (1)

where B is the peak width difference, k is a constant (�1), l is the
X-ray wavelength, Z is the strain, and D is the average grain size.

Samples were prepared for scanning electron microscopy
(SEM; FEI Sirion operated at 20 keV) by fracturing the samples
with a Rockwell hardness tester. Structures, such as internal pores
were strongly influenced by the polishing process; the fractured
surface produced more reproducible images of the pores and the
peripheral fine grain structure. Samples were prepared for
transmission electron microscopy (TEM; JEOL 1200 HR operated
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at 200 keV) by mechanical diamond polishing to 0.25mm and
dimpling using a VCR 500i Dimpler. Electron transparency was
achieved with a VCR ion mill using 5 keV argon ions. Annealing of
the samples was carried out in an open platinum crucible that was
heated to 800 1C at 8 1C/min and then at a rate of 4 1C/min to the
final annealing temperatures of 800–1100 1C. The annealed
samples were held at the peak temperature for 6 h and then
furnace cooled.

The mechanical properties were measured using a Hysitron
Triboscope nanoindentation system in conjunction with a Park
Autoprobe CP scanning probe microscope. Indentations were
carried out on granular material ground with SiC to a 600 grit
finish, and polished to a 0.25mm finish using diamond polishing
compound. The polished surface was imaged using the scanning
probe system, and pore-free regions of the surface were selected
for indentation. Indentations were carried out using a fixed 10 s
loading, 10 s hold, and 10 s unload, with a 5 s hold for drift
correction, to maximum loads between 4000 and 9500 mN. The
unloading slope was analyzed using the Oliver and Pharr method
[11] to determine the elastic modulus and hardness of the
material. In addition to the granular material, (0 0 1)-oriented
single crystals of silicon were indented for comparison purposes
under the same loading conditions.
3. Results and discussion

3.1. Microstructure and porosity in as-grown material

Macroscopically, the sectioned granules show a series of
concentric rings (Fig. 1). The ring structure is evident because of
porosity differences within the granule; this suggests multiple
growth layers. The darker contrast rings in Fig. 1 represent regions
of higher porosity, while dark radial stripes are due to cracks that
were either formed during growth or sample preparation. A more
detailed examination of many of these images reveals that each
layer has approximately the same radial distance and that all
specimens examined share comparable ring dimensions (Fig. 2A).
There is a roughly linear relationship between the numbers of
rings found in a granule versus the granule diameter (Fig. 2B)
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Fig. 2. (A) Layer thickness versus distance from the center of the granule. Each layer is approximately the same thickness. (B) Number of rings versus diameter of granule.

Linear trend signifies similar growth rates for all granules.

Fig. 3. (A) Pore in an as grown sample. Average pore size is approximately 5mm. (B) Higher magnification image showing texturing of grains around the pore.
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suggesting that the radial growth rate is constant. The similar
layer thicknesses indicates that the deposition process is limited
by surface area and not by the quantity of silicon-containing gas
or time spent during growth of an individual ring; either of these
processes would lead to thinner rings around the exterior of the
granule to create similar volumes of material per growth period.
Samples grown under a wide range of processing conditions
exhibited the porous structures, suggesting these morphological
structures are likely suggestive of granular silicon grown via the
FBR method. As particulate matter in an FBR will cycle through
the height of the column during growth, we suspect these rings
containing a relatively high density of voids are linked to the
cyclic nature of the growth. However, we do not have direct
evidence of where in the growth cycle these voids form, as there is
an unmeasured temperature and concentration gradient in the
growth chamber.

The detail of the pore structure within the rings exhibiting the
darker contrast was examined using SEM. In the as-received state,
the pores are bounded by spherical particles approximately 0.5 to
1mm in diameter, as seen in Fig. 3A. At higher magnification,
12
Fig. 3B shows that the spheres are textured on the nanolevel. This
is consistent with the average grain size within the granular of
30 nm measured with XRD, as described in the next section.
3.2. Grain size and growth

Grain sizes measured for samples annealed up to 1000 1C are
shown in Table 1. No significant grain growth is observed until
1000 1C. Beyond 1000 1C, abnormal grain growth leading to a non-
Gaussian grain size distribution makes the use of the Hall–
Williamson analysis inappropriate for quantifying grain size.

Annealing the granules at 1100 1C caused an obvious change in
the appearance of the pores. The grains around the pores became
faceted as illustrated in Fig. 4. This observation suggests that
atomic mobility is sufficient to lower the overall surface energy
of the grains. Grain growth mechanism changes have also been
noted to begin in polysilicon thick films at similar temperatures
and are theorized to be a result of a shift of driving force to surface
energy anisotropy [12].
9
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Figs. 5A and B show the grain structure of samples annealed at
1100 1C. The images are of fine grained silicon and a large, abnormal
grain surrounded by fine grains, respectively. It is noted in Fig. 5A that
after annealing at 1100 1C there are still very fine grains less than
Table 1
Average grain size after annealing at various temperatures for 6 h.

Annealing temperature (1C) Average grain size (nm)

As-received 30

800 22

900 38

1000 77

Fig. 4. Faceted walls of pore in sample annealed at 1100 1C for 6 h.

Fig. 5. TEM micrograph of (A) grains approximately 30 nm in diameter an

130
20 nm in diameter even though there is an overall increase in grain
size as the annealing temperature is increased. The abnormal grains
ranged from 200 to 500 nm in diameter. The presence of abnormal
grains indicates secondary grain growth in samples annealed at the
higher temperatures used in this study. It should be noted that both
the secondary grains as well as the primary grains are heavily
twinned. In appearance, the grain growth seems to be similar to that
seen in polycrystalline thin [6] and thick films grown via CVD and
plasma-enhanced CVD; however the driving force is most likely
related to grain boundary energy reduction as seen in bulk systems
and less dependent on surface energy as would be expected in thin
film growth. Abnormal grain growth in polysilicon thin films is driven
by the surface energy reduction of large columnar grains [7];
however, grain growth in thick films that does not depend upon the
columnar grain structure has been investigated to produce abnormal
grain growth by other means [12]. For example, other studies at high
temperatures (above 1040 1C) and shorter times (approximately
30 min), have shown secondary grain growth and attributed it to
coalescence due to dislocation climb in grain boundaries. At longer
times, grain growth appears to be attributed to surface energy
anisotropy [12] and the newly formed secondary grains continue to
grow at a faster rate than the regular sized grains.

The activation energy for primary grain growth (where the
grain size distribution remains monomodal, in this case at and
below 1000 1C) was determined to be 0.80 eV using an Arrhenius
analysis. This value is consistent with literature values of
activation energies for grain growth in larger grained polycrystal-
line silicon [7,13].

Bulk polysilicon grown via conventional CVD methods re-
ported in the literature does not exhibit the same type of as-
deposited grains or grain growth found in the FBR granules [7,8].
Bulk polysilicon grown via the Siemens process begins as long
acicular grains, which become equiaxed after annealing at
temperatures above 1100 1C for 12–24 h. Abnormal grain growth
has not been observed in bulk polysilicon grown via the Siemens
process at these temperatures, whereas it appears to occur readily
in the granules grown by in the FBR.
3.3. Hardness

Mechanical contact between granular material during hand-
ling may lead to fracture, and the fine grain size identified in this
d (B) secondary grain growth present in annealed sample at 1100 1C.
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Table 2
Silicon modulus and hardness values.

Elastic modulus (GPa) Hardness (GPa)

Single crystal 157.3 9.670.13

Granular material 155.4 8.671.13

1100 1C anneal 157.7 8.770.94

M.M. Dahl et al. / Journal of Crystal Growth 311 (2009) 1496–15001500
paper may lead to more compliant or softer materials in a manner
similar to that of other nanocrystalline and ultrafine grained
ceramic and semiconductor materials. To inspect the mechanical
properties of silicon grown in the FBR independent of the density
or morphology of pores the hardness was measured using
nanoindentation, as opposed to larger scale Vickers microhard-
ness testing, to ensure no fracture events occurred around the
indentation. Due to the porous structure of the material, the
hardness and elastic modulus are both a function of the contact
depth; sampling larger volumes increases the likelihood of pores
being present in the elastic stress field around the indentation,
which could lead to lower hardness and modulus measurements
[11]. Therefore, the hardness was measured at contact depths of
approximately 100 nm, where the volume of material probed is
large enough to be beyond tip rounding effects and is well within
the range of the tip area function calibration, but small enough to
be relatively insensitive to sub-surface porosity that may be
present. In order to ensure no influence of porosity, the calculated
hardness value for each of the silicon samples was based on a
series of indentations with an average elastic modulus that was
comparable to the modulus of a single crystal silicon sample;
approximately 157 GPa.

The hardness for the granular material both the as-received
and annealed states is shown in Table 2. Previously reported
hardness values for bulk and thin film polysilicon are between 10
and 12 GPa [7,14]. In general the hardness of the FBR material is
about 10% less than that of single crystal silicon, and annealing
does not significantly impact the hardness of the material. This
lower hardness is likely attributed to the fine grain structure,
which may allow for some grain boundary sliding, a mechanism
that would not be available in larger grained material. According
to a Mann–Whitney–Wilcoxon statistical test [15], the sample
data does originate from different populations.
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4. Conclusions

Silicon granule material grown in FBRs consists of a macro-
structure composed of semi-porous material, in which the closed
pores are on the order of 5mm in diameter, separated by segments
of relatively pore-free material with thicknesses between 10 and
20mm. The grain size of the as-grown material is on the order of
30 nm. On the walls of the pores there are spherical nodules with
a nanotexture on the order of the grain size inferred by X-ray
diffraction. Annealing below 1000 1C appears to follow similar
kinetics for grain growth as other polysilicon materials. At an
annealing temperature of 1100 1C the inner pore morphology
ceases to be spherical and becomes faceted. Also, when the
material is annealed at temperatures above 1100 1C, abnormal
grain growth is observed for annealing times of 6 h. The as-grown
granular material is slightly softer than conventionally grown
polysilicon; this is most likely due to the very fine grain structure
of the material.
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